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19L ABSTRACT uMO~

The alonic boudin skidies were pedeomed on a series of 02 comipounds uing siended X-ra aisoi,-
lion edge fine awk"e (EXS) aid X-ray abisorption flea edge spectroscopy VXANES) tehUcpies
hImportant cileences in the bond sirergfs of lievarious compounds were noted Ilom "h EXAFS resus.
I pasticula the bonin in CoAl as compared to NUU was much stronger (5to 7 times) for lie second
aid thid nearest-neigthor bonds, while the first nearest-neigtor bond sirenghs were simim FuriNU
Cr additions to NW., which modify the slip behaVios reduce tefirst nearest-neighborbond strength while
leaving the second nearest-neigtxo bonding unchanged, offering a clue for the change in slip behavior
XANES skkucies of B2aluiiides revealed duat CoAl has mi~e charge transfer from theMl atomnsto thetran-
sition metal atom than eithe NWU or FeAI. inicating greater covalency of the boning. Fmaly. in the
course othis program. a new tectuiiquefor EXAFS of majorspecies ibulk samlpleswas developed which
elimnates many of the problems associated with conventional EXAFS techntiques.

Enmbedded Atomn Method (EAM) conptersitulationswere conducted on stoichiiomnetric NiM to determine
the flow and fracture characteristics at various temperatures fromi 0 to 1000K Lattice enrgy, surface
enegy, APB energies, and mielting points were determined by the EAM in order to check the vaidity of
the simlation. Much of the flow and fracture simnulations were devoted to developing the EAM technique
to produce realistic results by utilizing increasingly larger array sizes (uip to 9000 atoms), center crack
arrays, periodic boundary conditions, and con-stant strain rate loading. Fromn this work, the fracture plane
of NiAI was determined to be (100). a DB1T was observed between 300 and 800K. and the importance
of short-range surface diffusion as a crack blunting mnechanism was revealed. In addition, a new strategy
for recognizing dislocations was created which exploits the Unique characteristics of the strain gradient
in the vicinity of a dislocation.

Strength characteristics of NiAICo alloys were studied as a function of phase structures of the tye B2,
Li0 and Li12.The strength of these alloys depended uipon a variety of factors, including the B2 phase comn-
position, L-12-phase (-yi) volume fraction and the Width of fine tWin lamnellae within the martensitic phase
(1-10) structures. Selected ternary NiAICo alloys were subsequently strengthened With either small quater-
nary additions of H-f (0.5 alo) andi 1(5 alo) orwith chopped~ PRD-1 66 fibers (10 to I5WO). The yield strength
was enhanced by i additions over a broad temperature range (2000 to 80000), but by Hf additions only
at high temnperatures. Unfortunately, these alloying additions, however small, resulted in degradation of
the room temperature fracture toughness, indicating practical difficulties in simultaneously achieving
strength and dluctility through alloying. The compositing approach for strengthening resulted in orientation-
dependent strength and stiffness benefits at all temperatures, which could be further improved through
better consolidation. Unfortunately, room temperature ductility and fracture toughness were degraded
because of a shortening of the fibers during the consolidation process.

Unclassified
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1. INTRODUCTION

1.1 BACKGROUND AND APPROACH

The benefits that could be achieved by the development and application of nickel aluminide
(NiAI) base alloys in the gas turbine engine are extensive. For example, it has been calculated that
weight savings of over 100 pounds could be achieved by the substitution of such alloys for disks in
an F100 type engine. However, the alloy development challenge is exceptionally demanding, and a
much greater level of understanding will be required before any real progress can be achieved.

It is usually stated that the ductility problem in NiA1 can be traced to an insufficient number
of slip systems to satisfy the Von Mises criterion for plastic flow in polycrystalline aggregates. NiAI
deforms by the movement of < 001 > glide elements which are inadequate for general plasticity.

In a previous study of NiAI alloys at Pratt & Whitney (Air Force Contract F33615-84-C-5067,
Reference 1), the addition of manganese (Mn) and chromium (Cr) to NiAI modified the slip systems.
In compression at room temperature, plastic flow occurred by the movement of < 111 > dislocations,
indicating that the Von Mises criterion was apparently satisfied. However, the alloys were still brittle
in tension. This observation shows that the factors controlling plastic flow and fracture are obviously
not understood. The mere presence of < 111> type glide is insufficient to guarantee plasticity. A
similar situation is found in the iron aluminide (FeAl) which also exhibits < 111 > type slip. In the
iron-base system, if the concentration of aluminum is reduced to 40 atom percent, then ductility at
room temperature is observed, whereas the equiatomic alloy is brittle (Reference 2). This observation
indicates that the ductility problem may be tractable in this ,ass of alloys. However, although quite
extensive alloy development activity has centered on NiA1 alloys, little progress has been made in over-
coming the intrinsic brittleness of the compound. Traditionally, the search for useful alloys has been
based on an empirical approach coupled with metallurgical intuition. However, it became clear that
if real progress were to be made, a fresh approach was needed.

The first step in this approach was to critically review the previous work on B2 compounds which
consisted of a wide range of studies undertaken by a disparate group of investigators rangilng from
theoretical physicists to practicing blacksmiths. Because each inx cstigator analyzed a specific featul e
of the B2 compounds from a narrow perspective, it was difficult to meld all the results into a CohtI Cnt
or comprehensive whole. Therefore, it was clear that the pi oblcm mu-t bc attackcd on a brotder fi ont
rather than by the methods used to define alloys in the past. In out tdproadi to the p,,blcm, we
attempted to couple both basic and applied studies as follows.

The objectives of the present program were to gain insights into intrinsic factors um11tilling
ductility of NiAI alloys and to develop NiAi alloys with a balance of proper ties suitable for ad\anced
gas turbine engine applications. Pratt & Whitney, in collaboration with the Unicrsity of Connecticut,
constructed a program which involved three coupled studies:

0 The use of advanced X-ray spectroscopic techniques such as extended X-ray
absorption edge fine structure (EXAFS) and X-ray absorption near edge
spectroscopy (XANES) to determine the nature of atomic bonding in the B2
lattice.

9 Computer modeling and simulation of dislocation stability and mobility.

0 Experimental studies of the mechanical properties of selected alloys.
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The relationship between the three studies, as initially conceived, is depicted in Figure 1. It was
anticipated that results from these studies would provide insight into the effects of alloying additions
on the nature of atomic bonding and the resulting mechanical properties. Further, one of the objectives
of the modeling and simulation studies was to identify favorable alloying directives for increasing the
ductility of NiAI at ambient temperatures.

The experimental study of the ductility and deformation behavior of selected NiAI alloys was
conducted by Pratt & Whitney in East Hartford, Connecticut; the EXAFS and XANES study by
Professor Douglas Pease of the University of Connecticut at Brookhaven National Laboratory; and
the deformation modeling and computer simulation by Professor Philip Clapp at the University of
Connecticut.

1.2 PROGRAM OUTLINE

The program consisted of three phases which were conducted over a period of 3 years. The objec-
tives of Phase I, ductility enhancement/mechanisms, were to:

" Determine the ductility and deformation behavior of selected NiAl alloys.

* Develop EXAFS and XANES techniques for characterizing atomic bonding in
NiAl alloys.

* Develop deformation model and computer simulation techniques for predicting
ductility and deformation behavior of NiAI alloys.

The ductility and deformation study in Phase I involved the initial selection of one baseline alloy
for study and later, the formulation of 10 more alloys for improved fracture resistance. These alloys
were characterized in terms of microstructure, ductility, fracture, and strength in tensile and compres-
sion tests from room temperature to 1000°C.

The EXAFS and XANES study involved the selection of several binary B2 phase alloys, which
exhibit a range of ductility and deformation behavior, and the development of the EXAFS and
XANES techniques for analysis of atomic bonding characteristics in the selected B2 phase alloys. The
binary B2 phase alloys selected included NiAl, CoAl, FeAI, FeCo, and CuZn. The EXAFS analyses
were then extended to evaluate the effects of a ternary addition on the atomic bonding of NiAI.

At the outset, the deformation behavior of the B2 compound NiAI, for which experimental data
are available from the literature, was modeled and simulated. The goal of the initial study was to
develop the interatomic potentials to perform simulations of NiAl deformation behavior, with the goal
of predicting the fracture strengths, slip systems and ductile-brittle transition temperature (DBTT)
in this type of alloy. Some of the critical steps in this study included:

* Development of Embedded Atom Method (EAM) equations using input data
from pure Ni and Ni3AI.

* Calculation of crack surface free energy which depends on atomic bond-
breaking energy.

* Calculation of work of plastic deformation per unit crack extension which
depends on the rate of dislocation generation at the crack tip and work done
moving dislocations away from the crack tip.
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Results from these calculations and computer simulations were used to determine various
properties, including the DBTT and dominant slip systems which were then compared with exper-
imental observations.

Following Phase I, the objectives of Phase II, alloy improvements, were to:

* Determine ductility and defoi mation behavior of selected NiA! alloys based on
promising results of Phase I, concentrating on a good balance of properties.

" Continue development and application of EXAFS and XANES technique.; for
characterizing atomic bonding in NiAI alloys.

* Apply deformation model and computer simulation techniques for predicting
ductility and deformation behavior of NiAI alloys.

Phase II involved the selection of an additional 1T -)'idified alloys based on promising alloys
from Phase I of the program. These alloys were modified with the intention of obtaining a useful
balance of secondary properties such as creep rupture, low cycle fatigue, and fatigue crack growth.

Finally, Phase III involved selection of the most promising alloy from Phase II for further evalua-
tion. The Phase III material was cl'aracterized in detail for tensile ductility and fracture behavior,
strength, creep resistance, fracture toughness, and low cycle fatigue.

1.3 PROGRAM OVERVIEW

A new approach in alloy development was taken in this program which involved joint efforts of
metallurgists and physicists attempting to gain nsight into and modify the brittle nature of intermetal-
lies by coupled experimental and theoretical studies. The approach, shown schematically in Figure
1, turned out to be overly optimistic since neithe1 the EXAFS nor the computer simulation techniques
were sufficiently developed at the onset of this program to meet the program schedule. The develop-
ment of both basic approaches Nkas longer than expected and, in the case of the EXAFS study, it was
furthcr delayed for 8 mon':hs because of shutdown of the synchrotron beamlines at Brookhaven
N i nal I aboratories for equipment upgrading. As a result, the anticipated integration and potential
, ncrginm of the three crnipanion studies as originally concei~ed (Figure 1) was not realized. In spite

of the initial difficulties, r-markable progress was made in both basic studies. Differences in atomic
ho,.mding among B2 compcunds were clearly demonstrated in EXAFS results and a technique was
dcxcloped for obtaining EXAFS from bulk samples (rather than the traditional powder or thin foil
samples) by Professor Pease's team. The use of bulk samples eliminates the lattice disordering and
contaminations associated with the powder and the foil making processes. A realistic computer simu-
lation technique for plastic deformation using the Embedded Atom Method, as well as a technique
for identifying dislocations in a large atom array, were developed by Professor Clapp. The results of
the basic studies are described in detail in Sections 6 and 7. It is gratifying to note that both Professors
Clapp and Pease are currently pursuing further understanding on the fundamental brittleness
problem in intermetallics under ONR and DoE funding using the techniques developed in this
program.
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2. EXPEMENTAL

2.1 PREPARATION OF MATERIALS

Phase I alloys were produced in both cast and powder form. w-um ind i eltn (%rIm)
was used to produce 10 kg cast ingots of each of the alloys. Poder was produced by vacwm awnizz-
tion using the processes and facilities at Homogeneous Metals Incoporaed. To achiec a fafly rems-
tallized microsLr-cture, both product forms were canned and extruded at the Air Foxe Metals
Processing Lab. The extrusion cycle consisted of controled heating at a rate of WC per hour Eo
600°C, soaking at temperature for seieral hours, fo~lowed by heating at a more rapid ra (2W "OC per
hour) to the extrusion temperature of 1000C. An extrusion ratio of 9.1 ,was used. Heat treatmeins
of 800,1000 and 1200°C for 2 hours each were performed on selected alloys to determine an appropri-
ate homogenization treatment for the alloys- A temperature of 1050*C was chren because the expo-
sure did not cause substantial grain groth. This heat treatment was used throughout all phases of
the program. Phase II alloys were made either as extruded VIM ingots or as an exruded composite
powder mixture. The extrusion cycle wuas similar to that of the Phase I aloys.

The Phase III material was produced in the form of an exruded, mechanically blended mixture
of-80 mesh Ni - 29 a/o Al - 21 alo Co powder and about 12 io chopped PRD-166 (A1203 + 2W}
ZrO2) fibers. The extrusion cycle was similar to that of the Phase I and Phase 11 alloys , ith the excep-
tion that the extrusion was performed at the higher temperature of 1100°C to ensure metal flow around
the fibers.

2.2 EVALUATION OF MECHANICAL PROPERTIES

Mechanical properties testing was performed on sections of selected extruded bars of Phase I
and Phase II alloys in both the extruded and extruded plus homogenized (2 hr/l050°Clair cool) condi-
tions. The Phase III material was tested in the as-extruded form using similar test procedures. Tests
were carriLd out for tensile strength and ductility, compressive strength and deformability, compres-
sive creep strength, fracture toughness, and low cycle fatigue. ilie specimen configurations used for
the above tests are shown in Figure 2. Tensile testing was perforned using modified "dogbone- speci-
mens (Figure 2a) at various temperatures using a strain rate of approximately 0.02/min. The specimens
had scribe marks, which were measured before and after testing to determine the extent of the defor-
mation. For those materials which fractured before yielding and wpith no apparent ductility in tension,
compression testing was used to determine the yield strength and deformation behavior of the
materials. Compression specimens (Figure 2b) were tested at various temperatures at a strain rate
of approximately 0.04/min. Strains were measured using an extensometer attached to alumina buttons
above and below the specimen. Using similar specimens and a similar experimental setup, compres-
sive creep testing was performed at various elevated temperatures and creep rates were determined
for various stress levels. Room temperature fracture toughness testing was performed on chevron-
notched, fatigue pre-cracked slow bend specimens (Figure 2c) following ASTM Standard E399. The
fracture energy, i.e., the ability of the material to resist crack propagation, was determined by
calculating the area under the loading curve and dividing by the specimen area in front of the pre-
crack. Load controlled low cycle fatigue testing was performed on cylindrical specimens tested in ten-
sion with smlooth grip sections. The specimens were tested in a v.rvohydraulic testing machine
equipped with hydraulic grips. The temperature was controlled with induction heating and an infrared
radiation pyrometer.

4



2.3 PREPARATION OF SIMPLES FOR TRASUUSSIM, ELECTRON MCROSCOPY

Thin fads e prepared for tranmissio dectron kroscopy (MEM using a Flshi 're Tin
Jet Eieropollsher and dekarpishing solution of perchoic add. mchanol cthanoL and butanol
in ratios of 1:10:10. Sampes vere thinned at -20°C using 30 V (25-3) mA currenzt) or 2 -30"C
using 70 V (25-30 mA ¢awrn) A brief ion mirling was used oni selted sampes to eiminate any
surface film from ie clectrojet thinning process. Specimens wrere xandined in either a Philips EN400
or in a Pilips CMI2 Transmission El-crn Mkiroscope.
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3. PHASE I ALLOYS

As described in Section 1L, this program included both basic and applied studies. Phase I
irniIid selection of B2aJloys for EXAMS studies of the atomic bonding asswdl as alloys for mechani-
cal mraluatioit The latter alloys consisted of I baseline aLkpy, later follo-ed by 10 modified alloys.
Mimos selected for EXAFS studies are givent in Section 62

3.1 BASELINE ALLOY SELECTON

To ductiuize NRAI, it wras considered necessaty to red=c the ordering energy of this compound
byalloying. An examination of the available heats of formation of various transition metal (TM) alumi-
ndes (Reference 3) suggests that alloying NiA! with elements to the left of Ni in the periodic table

should reduce the ordering energy of NiAI by increasing amounts. Indeed, CrAI evists only as an un-
stable 132 compound.

In term5 of boniuiin the densities of states calculations of Will!er, et Al., indicate that the stability
of the T1f alurninides is related to the charge transfer from Al to TM (Reference 4)_ Willer, et al.,
determined that chiarge transfer is: (1) quite small for CrAI and even slightly negative for VAI (another
unstable 132 compound). and (2) mnaximum for CoAi which has the highest melting point of the TM
alurainide series. Arn iniguing point made by Miller, et al-, is that the addition of 10 atomic percent
Cr vi-2_d stabifize V40rCrj0Al5o in the B2 phase, suggesting anitrcinef- ftealyn addi-
tions-

Positive indications of .his alloying strateg were observed in a previous program at Pratt &
Whitney, which indicated that in Mn- and Cr-modified ternary NiAl alloys, the slip at ambient
ten.peraturcs tend.- to be along < III> instead of <001 > as is normally observed in binary NiAI
(Reference 1). This allowiaig strategy %as pursued further in this program. A hypostoichiomttric alloy
52 a,'o Ni, 42C afti Al. 6 &/o Cr was selected as a baseline alloy for initial studies in Phase 1. The selected
composition lies in the B2 single phase field of the Ni-Al-Cr ternary phase diagram (Reference 5)
(Figure 3).

3.2 BASELINE ALLOY RESULTS AND DISCUSSION

3.2.1 Alloy Characterization

The microsti-ucture of the baseline alloy (Ni-42 a/o AI-6 a/o, Cr) in as--extruded and extrusion
plus recrystallization heat. treatment conditions is shoivn in Figures 4 (cast material) and 5 (potmder
material). A rather unusual microstructure was observed in the as-extruded cast material (Figure 4
- top)Nvhich may be related to the cast structure. For both the cast arnd the powder materials, recrystal-
lization and considerable grain growth were observed Atm a heat treatment for 2 hours at 13000 C.
A uniformn dispersion (if fine particles was observed in the baseline alloy in both as-extruded and heat-
treated conditions (Figure 6). The particles were determined to be alpha chromium by Miracle, et al.
(Reference 6)whicliis consistent with precipitates seen in the previous program in Cr-modified alloys
(Reference 1). These particles appear to have an affect on the mechanical properties as described
below.

3.2.2 Tensile Ductility and Strength

The baseline alloy in both powder and cast forms was tested at various temperatures in both
as-,extruded and extrusion plus recrystallization heat treatment conditions. Plots of the tensile elonga-
tiori at fracture as a function of temperature are shown in Figure 7. The ductile brittle transition tem-
peratures (DRlTT are generally above W00C. For comparison, the DB1T is around 5000 C for binary
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NiA! alloys with similar processing. Tensile fracture in the baseline alloy occurred transgranuarly at
temperatures below the DBIT but predominantly intergranularly above the DBTT The tensile yield
strengths of the baseline alloy near the DBTT are shown in Figure 8.

A separate study was performed by Miracle, et al. on the baseline alloy in single crystal form
(Reference 6) in order to elucidate the deformation characteristics of the baseline alloy. It was deter-
mined that the Cr addition succeeded in modifying the slip behavior of NiAi by enhancing slip via
a < 111 > type Burger's vector with respect to slip via <001 > Burger's vectors. Further, stoichiomet-
ric FeAI, which slips via a < 111 > Burger's vector, is also brittle at room temperature (Reference 2).
Therefore, slip system modification alone is not sufficient to impart ambient temperature ductility
to NiAI alloys.

3.3 FORMULATION OF MODIFIED ALLOYS

The Cr-addition to NiA! in the baseline alloy succeeded in enhancing { 110} < 111 > slip at room
temperature with respect to { I 10} <001 > slip, which theoretically satisfies von Mises criterion for
plasticity. However, the material was still brittle at room temperature. Therefore, modified Phase I
alloys were selected both to further explore slip system modification in NiAl and to investigate alterna-
tive means of enhancing the room temperature ductility and toughness of NiAI. The alloys and their
rationales are given in Table I and described in detail below.

3.3.1 Ni-M-V-Cr System

In the baseline alloy studies and in the previous NiAl program (Reference 1), it was shown that
additions of manganese or chromium change the slip behavior of NiAI at room temperature. However,
all the alloys were still brittle. The origin of the change was considered to be a reduction in the ordering
energy of the B2 lattice. Additions of vanadium were thought to follow the same trend as chromium
and manganese with an even more pronounced effect. Therefore, it was proposed that additions of
vanadium be studied as a single addition (Alloy G) and also in combination with chromium (Alloy
H). Vanadium additions to NiAl were studied in the previous NiAI program (Reference 1), but all the
alloys also contained boron, an element which was found to be detrimental to the room temperature
ductility of NiAl. Phase I Ni-AI-V(Cr) alloys were studied without boron.

3.3.2 Ni-Al-Fe System

The selection of iron-modified NiAI alloys for further study was based on good ductility ob-
served in a Ni-27 a/o Fe-22 a/o Al alloy studied in the previous program (Reference 1). The micro-
structure of the aforementioned alloy consisted of about 85% B2 phase with the remainder an
L12-type phase which formed as equiaxed grains in the B2 phase grain boundary regions. It was
assumed that the B2 phase was responsible, at least in part, for the observed ductility.

The composition of the B2 phase in the alloy was determined via electron microprobe, and an
alloy based on this composition but with a higher Al content was proposed (Alloy F). An alloy with
further additions of iron at the expense of nickel was also prepared (Alloy E).

3.33 Ni-Al-Co System

Some room temperature ductility was observed in cobalt-modified NiAI alloys with low Al con-
tents from the previous program (Reference 1). In particular, an alloy of Ni-25 a/o Al-25a/o Co
exhibited 10% plastic elongation at room temperature. Such alloys contain a mixture of phases: Ni3Al,
martensitic NiAI and B2 NiAl in various proportions. The presence of NiAl martensite in these alloys
was considered a major factor for their ductility. Further, binary B2 NiAI single crystals are brittle
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at room temperature while martensitic NiAI single crystals have been shown to exhibit elongations
of up to 13% at room temperature as a result of the transformation and/or rearrangement of marten-
site variants under an applied stress (References 7 and 8). Ductility in the isostructural compound
NiTi is attributed to a like transformation. Therefore, the martensitic transformation is considered
to be a means of obtaining room temperature ductility and toughness in NiA alloys.

Higher aluminum alloys (relative to the previously studied alloy Ni-25 a/o A1-25 a/o Co) were
studied in order to reduce the density of the material. To explore transformation toughening, an alloy
was selected to exploit a stress-induced martensitic transformation at room temperature (Alloy A).
In addition, alloys were formulated to be martensitic at room temperature based on the composition
of the martensitic phase from the Ni-25 a/o A-25 a/o Co alloy (Alloys C and D). It was thought that
the martensitic phase might prove to be inherently tougher than the B2 phase. At the same time, there
is the possibility for ductility enhancement due to martensite-to-martensite transformations under
stress. Plasticity can be accommodated in a fully martensitic alloy by switching of martensite variants
to those with more favorable orientations with respect to the imposed strain. Finally, an additional
alloy was formulated to be martensitic at room temperature, but with the addition of boron in an
attempt to counteract embrittling effects of the Ni3AI phase containing higher aluminum concentra-
tions (Alloy B).

3.3A Ni-AI-Ti System

It was proposed that NiAl alloys be developed with a mechanism for ductility similar to that of
the isostructural compound NiTi. The good ductility of NiTi at ambient temperature is often
attributed to stress-induced martensitic transformation. The nature of the nickel-titaniumn atomi,
bonding may also be a contributing factor. Thus, it was proposed that alloy3 based on the Ni-Al-Ti
system be studied. Certain titanium-modified NiAI alloys were studied in the previous NiA1 allo
development program (Reference 1). Hfowever, the combination of Al and Ti in the alloys studied w _"'
such that no martensitic transformation occurred at ambient temperatures. Further, all of the
titanium-modified NiAl alloys studied were doped with boron, an element which was found to loN~er
the ductility of NiAI alloys.

Alloys I and J were formulated to explore primarily martensitic transformation induced
plasticity. Alloy I was formulated specifically to exploit the martensite-to-martensite phenomenon.
The MS temperature of binary Ni, 35 a/o Al is around 300K. Replacing 5 a/o Ni with Ti (Alloy I) was
expected to raise the MS temperature and render the alloy fully martensitic at room temperature.

Alternatively, plasticity can be accommodated by the stress-induced transformation of a B2
phase to martensite if the B2 phase is sufficiently unstable. This situation may be created in Ni-40
a/o Al which has a Ms temperature near OK. By replacing 10 a/o Ni with Ti (Alloy J), the MS tempera-
ture was expected to be raised to somewhere near 300K. Further, the addition of a moderate amount
of Ti was thought to destabilize the B2 lattice sufficiently for a stress-induced martensitic transforma-
tion to occur around room temperature.

3.4 MODIFIED ALLOYS RESULTS AND DISCUSSION

3.4.1 Alloy Characterization

Chemical analyses of the cast alloys are shown in Table 2. The accuracy of the determination
is + 1 to 2% of the reported values. In general, the Al contents are slightly higher than the aim while
the Ni and ternary additions slightly lower. Al is easily lost during casting due to its high vapor pres-
sure. Therefore, an extra amount of Al charge is commonly added to the melt to compensate for this,
in these cases, it appears to have overcompensated. The compositions of the powder alloys (not shown)
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were all found to be within 3% of the desired value, with most varying only about 1% of the desired
composition. Al values tended to be slightly on the low side. In addition, the densities of selected Phase
I alloys were determined by a gravimetric technique and results are given in Table 3. Note that most
of the alloys represent a moderate weight savings over a typical superalloy.

In order to characterize the microstructure, metallography and X-ray diffractometry were used
for phase determination and lattice parameters; the results are presented in Table 4. Further, the
microstructures of the cast alloys in the as-extruded and extruded plus homogenization heat treatment
(2 hours/1050 ° C/air cooled) conditions are shown in Figures 9 through 17. The extruded powder alloys
have similar microstructures to their cast counterparts, but with significantly smaller grain sizes
(about a factor of 10). Alloy J (Ni-40 t'Io Al-10 a/o Ti) exceeded the load capacity of the extrusion
press and was only partially extruded (Figure 18). Therefore, this alloy was not fully characterized.

The microstructures of the Phase I modified alloys did not all meet the expectations as outlined
in Section 3.3 and Table 1. In fact, only the Fe-modified alloys (E and F) and V- and Cr-modified
alloys (G and H) had their intended phase structure, which was a virtually single phase B2 structure.
On the other hand, the Ti-modified alloys (I and J), which were formulated to exploit martensitic
transformation mechanisms, exhibited no martensite before or after deformation. Alloy J was also
found to contain a small amount of the high strength Heusler Phase (Ni2AlTi-type), rendering it
unextrudable.

As a group, the Co-modified alloys possessed the most interesting microstructures. The alloys
were originally formulated for two different ductilizing approaches: the formation of y', Ni3Al-type
phase (A and B), and the operation of a stress-induced transformation (C and D). However, the opera-
tion of martensitic transformation mechanisms are active in all four of the alloys and all but Alloy
B contained y'. The boron addition to Alloy B suppresses the formation of 'y' in favor of a small
amount of a boride phase of the form (Ni,Co)20Al 3B6. The martensitic transformation in NiAICo
alloys became the major toughening approach in later phases of the program, and so the NiAICo alloys
underwent more detailed characterization. In particular, martensitic transformation temperatures
were determined; electron microprobe and transmission electron microscopy (TEM) analyses were
perfc1 med on specimens of Alloys A, B and C, the results from which are summarized below.

Martensitic transformation temperatures were determined for the Phase I NiAICo alloys using
dilatometry measurements (Table 5). These results were combined with data from literature (Refer-
ences 9 through 11) in order to plot M. temperature contours on the Ni-Al-Co phase diagram (Figure
19). It is evident that small variations in composition result in quite large variations in the transfoirma-
tion temperatures. A more comprehensive treatment of the effect of composition on Ms temperature
in NiA1Co alloys was performed by Russell, et al. (Reference 12), where it was determined that the
Al content has about 4X the effect that Co does on the Ms temperature.

Electron microprobe characterization of the phase compositions was performed on Alloys A,
B and C. The results are summarized in Table 6 and Figure 20. The result for Alloy B was unexpected,
with the grain boundary precipitate being revealed as a boride of the form (Ni,Co)20Al3B6. Boron
evidently is insoluble in the NiAICo alloy as it was only found in the precipitate. Without boron, Alloy
B would be expected to consist of a martensitic matrix with gamma prime-type precipitates. However,
the boride precipitate, which is a low-Al phase, enriches the remaining alloy in Al so that no gamma
prime phase is observed.

Alloy A (Ni-30 a/o A1-35 a/o Co) will undergo a stress-induced martensitic transformation and
exhibit a high degree of fracture toughness at room temperature (Section 4.2.4.2). Further, Alloy A
was the baseline alloy for a number of the Phase II alloys; in particular, for alloys modified for improve-
ment in high temperature strength. Therefore, compression specimens tested at both room
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temperature and 760°C (14000 F) were sliced perpendicular to the stress axis for further characteriza-
tion with TEM.

Optical micrographs of Alloy A after testing at both temperatures are shown in Figure 21. Some
stress-induced martensite (L10) can be seen optically in the specimen tested at room temperature.
In addition, martensite laths were occasionally seen in the TEM specimen. However, the majority of
the matrix grains were identified via electron diffraction to be an ordered bcc (B2) phase. Some of
the grains contain a tweed structure accompanied by diffuse streaking in [ 112] and 11 T21 B2 direc-
tions in the (110) B2 diffraction patterns. The tweed structure is considered a precursor of a
martensitic transformation. Stringers of blocky precipitates are seen at the grain boundaries. These
were identified to be ordered fcc (L12, Ni3AI-type).

After testing at 760 0 C (1400°F), the microstructure of Alloy A looks much different than at room
temperature (Figures 21 through 24). The L12 particles on the stringers have coarsened. In addition,
Alloy A now contains about 34 volume percent of an elongated prism-shaped disordered fee phase
(Al) within the matrix with the lengths aligned along <011> B2 directions and the short sides along
< 112> B2 directions (Figure 23). Evidently, at 760 0C (1400 0 F) Alloy A is in a three phase region
of the Al-Co-Ni phase diagram.

Alloy B (Ni-30 a/o AI-25 a/o B) and Alloy C (Ni-29 a/o AI-21 a/o Co) are both martensitic at
room temperature, and deformation microstructure and mechanical testing results (Section 4.2) indi-
cated the presence of stress-induced martensite-martensite transformation behavior in these alloys
at ambient temperatures. Therefore, TEM specimens were prepared of both alloys from compression
specimens both before and after testing at room temperature. The deformed microstructures are
discussed in Section 3.4.3.1.

Transmission electron microscopy of Alloy B reveals twin related martensite plates which formed
during cooling (Figure 25). Selected area diffraction (SAD) from these plates reveals an ordered fct
L10 (CuAuI-type) structure with a = 0.384 and c = 0.324 nm and twinning on the (I1il) < 112 > face-
center tetragonal system. The thickness of the martensitic plates ranges from 0.1 to 0.3 microns. In
sonic areas of the material, a modulated tweed structure is seen within the parallel martensite plates.
Further, at higher magnification, fine lamellae are observed in many of the plates (Figure 26). Precipi-
tates are observed at the grain boundaries of the material (Figure 27). Micro diffraction using a 60
nm spot size revealed the precipitates to have a face-center cubic structure with a = 1.0582 nm,
supporting the microprobe results which suggested the precipitate to be of the form (Ni,Co)20Al 3B6.

The TEM photographs of Alloy C reveal similar parallel martensitic laths containing fine twin-
related lamellae. SAD reveals the material to be L10 with a = 0.370 and c = 0.318 nm. Precipitates
are found at the grain boundaries, consisting of equiaxed grains containingvery fine (0.08 im) precipi-
tates (Figure 28). These were revealed to be ordered fcc with a = 0.35 nm. However, the lattice
parameters of gamma (fcc Ni) and gamma prime (ordered fcc Ni 3AI) are virtually identical. Therefore,
their diffraction spots will be inseparable. This fact, along with relatively weak ordering spots, suggest
this to be a gamma/gamma prime phase mixture with an appearance similar to many nickel-base
superalloys.

TEM was also performed on Alloy G (Ni-35 a/o Al-5 a/o V) in order to explain the reason for
its relatively high strength (Section 3.4.2) with respect to the rest of the Phase I alloys. Thin foils were
prepared from tensile specimens defo, med at room temperature and 760°C (1400' F). Figure 29 shov s
the microstructure to consist of equiaxed gamma prime particles located primarily at the grain
boundaries and rod-shaped gamma prime particles in the interior of the grains. The matrix is ordered
bcc (B2). This phase mixture is consistent with the Al-Ni-V thae diagram (Reference 13) (Figure
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30). At higher magnification (Figure 31), the matrix exhibits a mottled structure which was observed
in both undeformed and deformed samples. Electron diffraction revealed streaking along <011 >
directions in the < 111> diffraction pattern (Figure 32). The <011 > streaks are indicative of an
instability in the matrix {011} planes. Closer inspection of the gamma prime precipitates in the
interior of the grain, along with diffraction results from the precipitates (Figure 33), indicates that the
gamma prime particles are oriented along the .natrix {011} planes. Therefore, it appears that the
<011 > streaking in the matrix is associated with the instability toward formation of the gamma prime
phase. In addition, the crystallographic relationship between the NiAI matrix and the gamma prime
phase is < 111 > NiAI/ < 101 > y' , similar to that reported by Moskovic (Reference 14). The cause for
the high strength of this alloy is still unclear; it may be related to the precipir ition of gamma prime
which may provide some strengthening effects.

3.4.2 Compressive Strength

The 0.2% yield strengths of the Phase I alloys were measured in compression, and results for
the cast alloys are given in Figure 34. In general, the powder forms of the alloys are slightly stronger.
There were no differences in strength based on alloy system except for the Ni-Al-Ti system which
showed high strength. Instead, some individual alloys are strong. Alloy A (Ni-30 a/o AI-35 a/o Co)
and Alloy G (Ni-35 a/o Al-5 a/o V) were the strongest of the tested Phase I alloys. The high strength
of Alloy A is due to the large amount of cobalt in the alloy. CoAl is known to be stronger than its
isostructural counterpart NiAI, and so a larger amount of Co in the NiAI phase should result in higher
strength. On the other hand, the reason for the high strength of Alloy G may be related to precipitation
of fine gamma prime particles.

The strongest of all Phase I alloys may actually be Alloy J (Ni-40 a/o AI-10 a/o Ti). However,
it was not tested as it exceeded the load capability of the extrusion press. Therefore, the yield strength
of this alloy was estimated from the extrusion data to be greater from 1275 MPa (185 ksi) at 1150°C
(2100°F). A Ni 2AITi-type Heusler phase was discovered by X-ray diffraction of a section of the cast
material. This phase is very strong and must be responsible for the apparent high strength of Alloy J.

3.4.3 Deformability and Tensile Ductility

Tensile testing was performed on both as-extruded and heat treated (2 hours/1050°C/air cooled)
forms of Phase I modified alloys. Results are summarized in Tables 7 and 8 and Figures 35 and 36.
The fracture modes of these alloys are given in Tables 9 and 10, and typical fracture surfaces are shown
in Figure 37. Tensile ductility at room temperature of any significant amount was only observed in
the cast alloys of NiAIC', A, B and C, all of which have martensitic characteristics. The powder forms
of these alloys, however, showed little or no room temperature ductility. The powder forms of the
NiAIFe alloys, E and F, showed some minor room temperature ductility although none was seen in
cast form. The fracture modes of all Phase I alloys were similar in both cast and powder forms. The
tensile properties are described in more detail, in terms of the alloy system, in the following sections.

3.4.3.1 NiAICo Alloys

Note that, although the cast forms of Alloys A, B and C possess a modicum of room temperature
ductility, these same alloys when produced in powder form are brittle (Table 8). At first inclination,
one would suspect that the ductility loss in the finer grain powder materials can be attributed to a
grain size phenomenon. Martensitic transformations can result in stress concentrations because of
poor strain accommodation at the grain boundaries. The larger number of grain boundaries in the
finer grain powder material may, therefore, result in an increase in brittleness. However, the powder
alloys of A, B, and C, which were heat-treated in air at 1050°C for 2 hours, had similar grain sizes
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to the as-extruded cast alloys but were still brittle. It is possible that the heat treatment in air
introduced interstitials which may have counteracted the larger grain size.

The room temperature ductility in Alloys A, B, and C in extruded cast form is apparently linked
to the operation of martensitic transformation mechanisms in these materials. Alloy C (Ni-29 a/o
Al-21 a/o Co) was the most ductile with 2.2% elongation recorded at room temperature. Alloy D
(Ni-35 a/o Al-10 a/o Co) was the only NiAlCo alloy to exhibit no elongation at room temperature.
This is most likely due to its high Al content, which is well known to be a cause of brittleness in NiAI
alloys. The room temperature ductility of Alloy B, while measurable, is low (0.3%) with respect to that
of Alloys A and C (1.8 and 7.2%, respectively). Further, the fracture mode of Alloy B at room tempera-
ture is more intergranular than that of Alloys A or C (Tables 9 and 1.0).

Room temperature compression testing was performed on Alloys A, B, and C to further charac-
terize their deformation behavior and cracking tendencies. These studies focused on potential marten-
-itic transformation deformation mechanisms. The martensitic transformation is generally regarded
as . deformation mode that competes with slip (Reference 15). In general, strain accommodation
occurs by- (1) plartic deformation of tough martensitic grains, as seen in martensitic steels; (2) a stress-
induced parent to martensite transformation; (3) nucleation of additional martensitic variants in the
material; or (4) the growth of selected variants with a preferred orientation at the expense of
non-preferred variants (Reference 16). The mechanisms will all be considered as the deformation
behavior of Alloys A, B, and C are examined in more detail.

3.4.3.1.1 Deformation Behavior of Alloy A

Alloy A shows an equiaxed, homogeneous B2 grain structure with some grain boundary y' in
the as-extruded plus heat-treated (2 hours/1050 * C/air cooled) condition (Figure 38). After 4.0% com-
pressive strain at room temperature, extensive intergranular cracking occurs. This is in contrast to
the tensile results which showed transgranular fracture (Tables 9 and 10). The grains in Alloy A are
aligned along the extrusion direction, which is also the stress direction for the tensile and compressie
testing. Therefore, thcie are more grain boundaries which experience a normal tensile stress in the
compressed sample, explaining the shift to more intergranular cracking in the compression specimen.
Stress-induced martunsite (SIM) is observed in Alloy A after 4.0% strain at room temperature (Figure
38). Examination of the room temperature tensile stress-strain curves reveals evidence of SIM in
tension also (Figure 39).

TEM was performed on Alloy A for further deformation microstructure characterization on
specimens tested in compression at room temperature and 760'C (1400°F). A general description
of the microstructures has been given in Section 3.4.1. It is evident from the deformation microsti uc-
tures that, at room temperature, Alloy A deforms via the formation of dislocation bands, ,hich arc
oriented along [ 0f1 ] and [ 1 ] B2 directions (Figure 40). Further using the g • 6 invisibility criterion,
the slip system in Alloy A was determined to be < Il > {011} at room temperature. NiAI is knuoNn
to slip via < 100 > {011) slip at room temperature, which does not satisfy \bn Mises criterion for plas-
ticity, which has been given as a cause of the brittleness of NiAI. However, the < 111 > {011} s)lip
system of Alloy A does satisfy Von Mises criterion.

As much as 1.8% tensile ductility was recorded on Alloy A at room temperature. Hovever, it
is somewhat unclear whether the recorded ductility is due to a stress-induced martensitic transfoi na-
tion or to the change to a more favorable slip system for plasticity. f-owecr, based on the tensile
stress-displacement curve shon in Figure 39 and the fact there was no macroscopic plastic yielding
at a high stress prior to fracture, the measured elongation is considered to be attributable primaril
to the apparent martensitic transformation strain.
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3.4.3.1.2 Deformation Behavior of Alloy B

In the room temperature compression studies of Alloy B, the deformation of individual grains
was monitored throughout the test by removing and photographing the specimen after different
amounts of strain. Grain boundary cracking is seen to begin at yielding and more cracks are observed
at higher strains (Figures 41 and 42). The cracking occurs primarily at the interfaces between the grain
boundary borides and the martensitic grains. At 7.5% strain, the cracks have widened but appear to
be halted by the martensitic grains. No martensitic transformation processes can be observed at these
magnifications, but the blunting of cracks by the martensitic grains indicates reasonable toughness.
TEM studies were, therefore, performed to examine the deformation of Alloy B in more detail.

TEM thin foils were prepared from compression specimens of Alloy B in the untested and tested
at room temperature to 3% strain conditions. The undeformed microstructure has been described
in Section 3.4.1 (see Figures 25 and 27). The microstructure consists of martensitic plates containing
fine twin lamellae. The microstructure of Alloy B after room temperature compression to 3% plastic
strain is shown in Figures 43 and 44. The fine twin lamellae are continuous across the martensitic
plates, which is in contrast to the microstructure before deformation where the fine lamellae were
discontinuous at the boundaries of the plates and formed a sharp angle with the lamellae of the neigh-
boring martensitic plates (Figure 26). It is evident that, under compression, the martensitic structure
of Alloy B accommodates the deformation by the formation and/or rearrangement of the fine twin
lamellae within the larger plates. The plates themselves remain relatively unchanged, which is why
there was no apparent martensitic mechanism observed in the optical studies. The rearrangement/
formation of the lamellae must provide the toughness to the martensitic grains. However, the material
ultimately fails because of cracking along the interface between the matrix and the grain boundary
borides. The tensile results show Alloy B to have very little ductility and to be the only NiAICo alloy
to fail predominantly intergranularly in extruded cast form.

There are two potential explanations for the low ductility and change in fracture mode in Alloy
B: the grain boundary borides and martensitic transformation temperatures below the DBTr (about
600'C). First, Alloy B is the only NiAlCo alloy with grain boundary borides rather than gamma prime.
As noted above, cracks tended to nucleate at the interface between the boride and the martensitic
grains. This grain boundary cracking is perhaps enhanced by the low Ms temperature in this alloy.
Since the martensitic transformation occurs below the DBT1, the alloy cannot easily accommodate
the strain incompatibilities across the grain boundaries resulting from the transformation. Stress con-
centrations result which can increase the susceptibility to grain boundary cracking and intergranular
fracture.

3.4.3.1.3 Deformation Behavior of Alloy C

Alloy C possessed the largest amount of room temperature ductility (2.2%) of any alloy tested
in this program. Further, as discovered in Phase II, it also possessed a remarkably high fracture
toughness (Section 4.2.4). Therefore, compression studies were performed to evaluate the deformation
of Alloy C in more detail. The change in microstructure of individual grains was monitored
periodically throughout a room temperature compression test via optical metallography. No change
was observed in the microstructure prior to yield. However, following plastic yield, linear features
began to appear perpendicular to existing martensitic plates, which intersected those plates (Figures
45 and 46). These features appear primarily in martensitic plates oriented parallel to the direction
of the applied stress and the number of the features increased with increasing strain. Further examina-
tion of these features led to the proposition that these represented cross-twinning of the martensite,
i.e., new martensitic variants, which intersect the existing variants, nucleate to accommodate the
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deformation. Delaey, et al. (Reference 17) have shown the formation of similar intersection of marten-
sitic plates in a CuZn alloy, which is isostructural with NiAlCo martensite. Some cracking also
occurred in Alloy C, but not until about 9% strain and the cracks were confined to the interface
between the martensitic grains and the grain boundary gamma prime.

In order to further study the martensitic deformation of Alloy C, TEM foils were taken from
compression specimens, both untested and after compression at room temperature to 8% strain. The
undeformed microstructure was described in Section 3.4.1. An example of the crossing martensitic
variants is shown in Figure 47.

These variants appeared only after plastic yielding of the material. The other NiAICo alloys frac-
tured prior to or just at yield. Therefore, the fracture strength of Alloy C must be higher than the other
NiAlCo alloys in order to allow yielding and the post-yield martensitic processes to occur. The tensile
fracture strengths recorded for Alloy C are 820 and 587 MPa for the as-extruded and heat-treated
forms of the alloy, respectively. The measured compressive yield strength is 754 MPa. Therefore, the
high fracture strengths, i.e., high toughness, of Alloy C allows the material to take advantage of the
post-yield martensitic transformation processes.

3.4.3.2 NiAIFe Alloys

Alloys E (Ni-33 a/o Al-28 a/o Fe) and F (Ni-33 a/o AI-20 a/o Fe) are both essentially single phase
B2 alloys containing fine Fe-rich particles. Neither alloy exhibited any room temperature ductility in
cast form (Table 7 and Figure 35). However, both alloys exhibited a small amount of plastic elongation
at room temperature when produced in powder form (Table 8 and Figure 36). Both Alloys E and F
also exhibited an unusual ductility dependence with temperature, with a local ductility maximum at
about 5400)C and a local ductility minimum at about 760°C. Similar ductility dependence has been
reported in the literature for FeAl alloys (Reference 18). In FeAI, the initial brittle-ductile transition
has been attributed to the activation of < 111 > slip and the intermediate loss of ductility attributed
to the onset of grain boundary cavitation and the presence of mostly < 100 > type slip in the material.
The observed resumption of increasing ductility with increasing temperature was attributed to the
activation of diffusion-assisted processes at these higher temperatures. The initial brittle-ductile
transition in Alloys E and F occurs at about 400"C to 500'C while the subsequent brittle-ductile
transition occurred at about 750°C. The slip characteristics of Alloys E and F were not determined
in this program, so a complete comparison with FeAl cannot be made.

3.4.3.3 NiAI(V, Cr) Alloys

The alloys in the NiAl(V, Cr) system were formulated with the intention of lowering the ordering
energy of the lattice and potentially modify the slip behavior to < 111 > type in order to satisfy Von
Mises criterion for general plasticity. Previous work with chromium and manganese modified alloys
succeeded in modifying the slip behavior of NiAI. However, the resultant materials were still brittle
(References 1 and 6). Vanadium additions (alone or in conjunction with chromium) apparently follow
the same trend and perhaps cause an even greater change in order to achieve room temperature
ductility. Unfortunately, no ductility was observed in the V and Cr modified alloys, G and H (Tables
7 and 8 and Figures 35 and 36). In fact, extensive cracking in Alloy H prohibited testing in the heat-
treated condition (2 hours/1050*C/air cool). The fracture modes in both alloys were transgranular
cleavage at lower temperatures in both cast and powder forms (Tables 9 and 10).
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3.4.3.4 NiAITi Alloys

Alloy I (Ni-35 a/o AI-5 a/o Ti) was the only alloy of this system tested in this program for Alloy J
(Ni-40 a/o AI-10 a/o Ti) was unextrudable up to 1150° C (2100* F) as it exceeded the load capability
of the extrusion press used. However, cylindrical compression specimens were wire electrical
discharge machined from a portion of the cast material for testing. These compression specimens frac-
tured prior to yielding up to 7600C, indicating no hope of room temperature tensile ductility. X-ray
diffraction indicated the presence of a Heusler phase (Table 4) which seems to be responsible for the
brittleness. No ductility was observed in the cast alloy at room temperature; however, the heat-treated
form of the powder alloy elongated about 1% at room temperature and 540°C (Tables 7 and 8 and
Figures 35 and 36). Both alloy forms fractured transgranularly up to the DBTT at about 700°C (Tables
9 and 10).
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4. PHASE II ALLOYS

"Wo series of alloys were explored in Phase H of this program, both of which were based on the
two best alloys from Phase I, Alloys A and C. The first series consisted of ternary alloys selected to
further explore martensitic toughening in the NiAlCo system. The second series involved the addition
of Hf and Ti to Alloys A and C in order to enhance the strength and creep resistance of the alloys.
The rationale for alloy selection is described below and summarized in Table 11.

4.1 ALLOY SELECTION

The alloys selected for Phase II (Table 11) study were based primarily on positive results of
Ni-Co-Al alloys from Phase I of the program. Alloys were formulated with the intention of exploring
further ductilizing within the NiAl-Co system and utilizing the techniques of strengthening via solid-
solution and precipitation hardening. In addition, toughening of a brittle matrix with superalloy par-
ticle additions was also considered. Ten alloys were evaluated in Phase II of this program, and the
rationale behind the selection of the specific methods and alloys is explained in the following sections.

4.1.1 Macroalloying for Toughening

Alloys of the Ni-Co-Al system showed the most promise for room temperature elongation in
Phase I of this program. The best alloys were Alloy A (Ni-30 a/o Al-35 a/o Co) which undergoes a
stress-induced martensitic transformation, and Alloy C (Ni-29 a/o Al-21 a/o Co) which has an Ms
temperature of about 700"C. Based on these promising alloys, four alloy compositions were formu-
lated for Phase II of this program and are identified as A2, A3, C2, and C3.

The 'A-series" alloys (A2 and A3) were based on Alloy A and were designed to utilize the stress-
induced martensitic transformation and the associated transformation strains in order to obtain room
temperature ductility in the material. With proper control of texture, NiAl-base materials have been
known to produce as much as 13% elongation owing solely to transformation strains (References 7
and 8). Also, the alloys were formulated with slightly higher aluminum contents than Alloy A in order
to gain a 13% to 14% weight savings over the current superalloys. The "C-series" alloys (C2 and C3)
were based on Alloy C, which exhibited the most room temperature elongation of all the Phase I alloys.
Alloys C2 and C3 were formulated with similar Ms temperatures to Alloy C, but with slightly higher
aluminum contents for lower density, resulting in an estimated weight savings of 12% to 13% over
current superalloys. In addition to the above alloys, another alloy in the Ni-Co-Al system was pro-
posed for Phase II and is designated B2. In Phase I, Alloy B (Ni-30 a/o Al-25 a/o Co-0.25 a/o B) also
showed some promise. However, the alloy failed prematurely because of cracking along the boride-
matrix boundaries (see Section 3.4.3.1.2). Therefore, elimination of boron may improve the ductility
of this alloy.

4.1.2 Macroalloying for Strengthening

The purpose of Phase II was to alloy for a more useful balance of properties, including strength.
In the previous NiAl development program (Reference 1), it was determined that of all the alloying
additions investigated for NiAI, titanium, and hafnium were the most potent strengtheners. Therefore,
Alloys AT, CT, AH, and CH were formulated with the intention of using titanium and hafnium to
strengthen the somewhat ductile Ni-Co-Al Alloys A and C. The amounts of titanium and hafnium
added to Alloys A and C were based on the results of the previous program and were intentionally
kept small so as to avoid degrading the ductility of the alloys as much as possible, while still being
able to provide sufficient strengthening.
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4.1.3 Compositing with Superalloy Additions

In Phase II, compositing with superalloy particles was used in an attempt to both toughen and
strengthen NiAl-base alloys. The reinforcing material, MERL 76, is a nickel-base superalloy with
elongations of greater than 20% through 815 0C (1500°F). In addition, its tensile yield strength is
greater than 960 MPa (140 ksi) to about 700°C (1290°F) and remains greater than 620 MPa (90 ksi)
to 815°C (1500°F). If this material showed promise, it was proposed to make the material again, but
with coated superalloy particles in order to prevent degradation of the composite structure during
fabrication and service at temperature. The superalloy addition would be coated with a stable oxide
(either alumina or yttria) to act as a diffusion barrier between the constituents. Ml was formulated
as a baseline test of this compositing approach for the NiA system. Stoichiometric NiA was chosen
for the matrix because of its low density.

4.2 RESULTS AND DISCUSSION

4.2.1 Alloy Characterization

Chemical analysis was performed on the received ingots of Phase II alloys, and the results are
summarized in Table 12. As with the Phase I alloys, the aluminum compositions are higher than the
aim (by 0.5 to 2 a/o) while the cobalt values are low (by 0.4 to 1.7 a/o). X-ray diffraction analysis was
performed on Phase II alloys in the extruded plus heat-treated condition (2 hours/1050°C/air cool),
and the results are given in Table 13. The X-ray results confirm the phases expected from the available
phase diagrams. Although Alloys AT and CT were formulated for precipitate strengthening, the
presence of strengthening precipitates was not detected by X-ray diffraction.

Recall that the ternary Phase II alloys were based on promising room temperature ductility
results from Phase I NiAlCo Alloys A and C. Martensitic transformation mechanisms were deter-
mined to play a role in the enhanced room temperature properties. Therefore, martensitic transforma-
tion temoeratures were determined for the ternary NiAICo alloys using dilatometry, and results are
given in Table 14. Note that all but Alloy A2 are martensitic at rooiii temperature. Alloy A2 transforms
just below room temperature ( M, - 15"C ) and was used to further explore stress-induced martensite

at room temperature.

Metallography was performed on the extruded Phase II ingots and the powder composite of Ml;
the results are presented in Table 15 and Figures 48 through 56. The ingot of Alloy AT is very brittle
and was unextiadable. Metallography of this alloy was, therefore, performed only on the cast ingot
(Figure 57).

The microstructures of the quaternary NiAICo(Hf, Ti) alloys were not all as planned. In
particular, Alloys AT (Ni-30 a/o AI-32.5 a/o Co-5 a/o Ti) and CT (Ni-29 a/o AI-21 a/o Co-5 a/o Ti)
were both formulated with the intention of forming strengthening precipitates. However, none were
observed with either optical metallography or X-ray diffraction. Further, among the ternary NiAlCo
alloys, Alloy A3 (Ni-32 a/o AI-25 a/o Co) was intended to have an Ms temperature just below room
temperature in order to undergo a stress-induced martensitic transformation. Instead, it turned out
to be martensitic with an Ms temperature just above room temperature.

The composite mixture, Ml, consisting of MERL 76 superalloy particles in an NiAl matrix, was
formulated for toughening. Figure 56 shows the composite mixture microstructure after extrusion with
and without a subsequent heat treatment (2 hours/1050°C/air cooled). Relatively little interaction
occurred between the superalloy particles and the NiAl matrix during the extrusion consolidation
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process, but extensive reaction after the heat treatmet fanmed what is assumed to be MNAL A caing
of alumina or yttria on the superalloy paticks should pewvent t reaction, but this vs ot pwsLvd
since the mechanical properties of the mixture did nac show great promise (see Section 4223).

In addition to the optical metallography, more detailed '- - - with lE&M was per-
formed on Alloys AH (to explain its high-emperature strength)l CT(to iook for preipi-
tates) and C3 (to discover the cause of its low-temprature strength).

Thin foils of Alloy C3 (Ni-30 alo Al-15 alo CD) wre prepared from a compression speciwn
that had been tested at room temperature. TEEM analysis: confirmed the identifration of the
martensitic L10 and gamma prime L12 phases as reported by X-ray diffraction, similar to tlwse of
Alloy C from Phase I (Section 3-4.1). However, an interesting difference bemten this alloy and both
isostructural Phase I Alloys B and C is seen in the nature of the fine twin lamellae contained ithin
the larger martensitic laths of the matrix (Figures 58 and 59). All three alloys contain the fine paralKl
twin-related lamellae within the laths, but the lamellae in Alloy C3 are of a much finer scale than in
either of the other two alloys. The widths of the lamellae in Alloys B and C vary from 30 to 130 nim,
while the lamellae in Alloy C3 are 3.5 to 5 nm wide - a factor of 6 to 37 difference. Possible effects
this may have on strength are discussed in Section 4.23.L

In order to look for the presence of strengthening Heusler precipitates, thin foils of Alloy- CT
were cut from compression specimens which were tested at room temperature and 760°C (1400°F).
Optical metallography and X-ray diffraction of these specimens indicated the presence of only
ordered bec (32) and gamma prime (L12) phases (Figures 55 and 60a), with lattice parameters of
a = 0.288 and a = 036 nm, respectively, as determined by electron diffraction (Figure 61). At room
temperature, the gamma prime (20 vlo) appears primanr at the grain boundarics as stringers or in
regions containing very fine equiaxed grains (Figure 62). Small isolated grains of gamma prime
occasionally are seen away from the grain boundary. At 7600C (14000 F). the test specimen underwent
a heating cycle equivalent to slow heating to 760°C (at approximately 15*Clminute), holding at 760°C
for about 5 minutes, followed by furnace cooling (at about 5°C to 10*Cminute). After this process.
the amount of gamma prime increased from 20 to about 40 v/o, much of which is rod-shaped with
the rod axis randomly oriented with respect to the matrix in the interior of the grains (Figure 63). The
composition of the gamma prime at both the grain boundaries and within the grains is given in
Table 16. No Heusler phase was found in either condition, indicating the solubility of Ti to be greater
than 5a/o in Ni-29 a/o Al-21 a/o Co at room temperature and 760°C.

Alloy AH (Ni-30 a/o A-34.5 alo Co-0.3 a/o Ho was examined in TEM after compression testing
at both room temperature and 760°C (14000 F). These results can be compared to those of Phase I
Alloy A (Ni-30 a/o AI-35 a/o Co) which was studied under the same conditions (Section 3.4.3.1.1) and
is similar to AH but without the Hf addition. Optical micrographs of Alloy AH after testing at both
temperatures are shown in Figures 64 and 65. Like Alloy A, the room temperature specimen matrix
was identified via electron diffraction as ordered bee (B2) containing some tweed structure and diffuse
streaking in the [ 1 f2] and [ 1 Y21 B2 directions in the (110) B2 diffraction patterns. The tweed structure
and streaking are indicative of pre-martensitic phenomena and, in fact, stress-induced martensitic
laths are occasionally encountered as well in both alloys. Blocky precipitates were found along the
grain boundaries of Alloy AH, similar in appearance to Alloy A (Figure 64). However, the precipitates
were found to be Hf-rich hexagonal precipitates, not gamma prime as in Alloy A. Evidently, Hf is
relatively insoluble in NiAICo and forms Hf-rich precipitates at the expense of gamma prime.

At 760°C (14000 F), the microstructure of Alloy AH has changed (Figure 65). E ; Lntly, the alloy
is now in a three-phase region of its phase diagram with the addition of a disordered fcc (Al) phase
at the grain boundaries at the expense of some of the hexagonal (A3) grain boundary precipitate
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(Figure 65b). In ad& m, a smal amout (about 9 vlo) of rod-shaped precipitates ith a heagonal
ca I nstUcure (A3) nowals appear in the matix (Figue65 Reall (Sectim 34.1) that Al precpi-
tates were ao found in the 70"C (1400F) sample of Alhy A, but toa much larger extent, indicating
tht it is also in a three phase region at this temperature (we Tl 17).

The coimpitions; of the phases present in both Alloys A and AH at 760*C (1400"F), as deter-
mined by analtical electron microscopy, are givern in Mb 18. Of primary interest is the apparently
vz, low solubility of Hf in the NiAICo B2and Al phases in Alloy AH. All the Hf appears to be within
the Ixagonal (A3) phase. This is consistent with the work of Vedula, et al. (Reference 19) wto reported
low Hf solubility in NiA aloys, resulting in Hf-rich particks in NiMA-Hf alloks The presence of the
Hf-rich precipitate alsoserves to alter the remaining matrix compositio Using the measured compo-
sition and vlume fraction (S%) of the precipiate the remaining composition of the alloy can be calcu-
lated and determined to be 34.7 a/o Ni-326 alo AI-327 aio Co. This composition appears to be in
a m-phase fcc (Al) and ordered bce (B2) region of zhe NiAICo phase diagram (Figure 19). which
is the reason no gamma prime is found in this alloy.

42.2 Tensile Properies

The Phase 11 alloy compositions were based on Phase I Alloys A and C, which exhibited 1.8 and
2.2 % ductility at room temperature, respectively. The ternary NiAlCo alloys (AZ A3, C2, C3) were
formulated to extend the ductility to alloys with higher Al contents and, therefore, lower densities. The
quaternary NiAICo (Hf, Ti) alloys (A, CH, AT CT) were formulated with the intention of
maintaining the ductility while improving the strength and creep resistance of the alloys. Finally, the
composite mixture MI was formulated in order to explore superalloy reinforcement of NiAI as an
alternative to alloying. In general, both increasing the Al content and additions of Hf and Ti resulted
in degradation of the room temperature ductility observed in Alloys A and C. Further, the composite
mixture properties were no better than some of the ternary NiAICo alloys.

No apparent plastic yielding was recorded in any Phase II alloy at temperatures below 540°C
(10000°F) as incicated by the stress-strain curves. However. large tensile elongations were recorded
in all the alloys tested at temperatures of 760°C (1400°F) and above, indicating the ductility transition
to be between 540°C and 760°C. In spite of the lack of yielding in the stress-strain curves, some of
the Phase II alloys exhibited small tensile elongations at room temperature as calculated from
measured spacings of lines scribed on the gage sections before and after the tensile tests. Since the
stress-strain curves showed no apparent yielding of the material, the measured strains must have
accumulated during ,he loading prior to yielding. This "pre-yield" strain is t',ought to be associated
with the martensitic tiQnsformation in these alloys. The origin of this phenomenon is discussed in
greater detail in Section 4.2.5.1.

4.2.2.1 Ternary NiAlCo Alloys

Tensile properties of the ternary NiAlCo alloys modified for enhanced lower temperature ductil-
ity and toughness were determined and results are given in Table 19 and Figure 66. As previously
discussed, all the specimens tested at 540°C (1000°F) and below, fractured without yielding. However,
the as-extruded form of Alloy A3 and the heat-treated form of Alloy C3 each elongated a small
amount (0.6% and 1.3%, respectively) at room temperature as calculated from scribe marks on the
specimens measured before and after testing. These alloys were based on Phase I Alloys A and C
which elongated 1-8% and 2.2%, respectively, at room temperature. Evidently the increased Al and/or
decreased Co contents degrades the room temperature ductility. Further, the observed ductility in
Alloy A was attributed to a stress-induced martensitic transformation which was evident in both the
shape of the stress-strain curve and in the microstructure. This was not seen in any Phase II alloys,
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not ewn in Allo A2 which has an MS temperature of about 15"C However, the elongations in
Allkys A3 and C3 are attibuted to " pre-yield" martensitic: phenomena as discussed in detail in
Section 425.1

42.22 Qutermy NiAC(Hf, "s) Aloys

Tensile properties of Phase II alloys modified for improved strength and creep resistance (Alloys
AH, CH and CT) are recorded in Tables 2D and 21- Tensile testing was not performed on Alloy AT
as it was extremely brittle and broke apart during machining prior to extrusion, although based on
this experience, no low temperature ductility is expected in Alloy AT Small Hf and i additions were
used for these Phase H alloys in the hope that the ductility observed in the baseline alloys A and C
could be maintained. Unfortunately, the Hf and Ti additions to Alloy C (in CH and CT respectively)
succeeded in totally eliminating the room temperature ductility, while the addition of 0.5 a/o Hf to
Alloy A (in AH) reduced the room temperature ductility by 50%.TEM results after compression at
room temperature of Alloy AH revealed the presence of stress-induced martensite (Section 423.2-1),
although no martensitic discontinuity was seen in either tensile or compressive stress-strain curves.
However, the recorded tensile ductility is apparently due to the operation of martensitic transforma-
tion mechanisms in Alloy AH.

42-2.3 Composite Mixture of NiAI + Ni-Base Superalloy

Tensile results on the extruded powder mixture composite, M1, do not show any room tempera-
ture ductility (Table 22). However, in both the as-extruded and heat-treated forms of the material,
ductility was observed at 540°C (1000°F), which is consistent with stoichiometric NiAI which has a
DBIT of 400 to 5000C (Reference 1).

It is also interesting to compare the tensile yield strengths of the as-extruded and heat-treated
forms of this material above the DBTT (Table 22). The heat-treated form of the material is 77%
stronger at 760°C (1400° F) and 20% stronger at 980 ° C (18000 F) than the as-extruded material. Recall
(Section 4.2.1) that the superalloy particles reacted with the NiAl matrix to form an intermediate
Ni3AI-type phase during the heat treatment. The difference in strengths between the two forms of
material can perhaps be attributed to gamma prime strengthening effects.

4.2.3 Compressive Strength

Compression testing was performed on Phase II alloys in heat-treated form (2 hours/1050 °C/air
cool) to determine the yield strengths of the materials below the ductility transition temperature. The
results are summarized in Tables 23 and 24 and Figures 67 and 68 along with yield strengths of the
alloys at higher temperature for additional reference. The strengths of Alloys A and C, upon which
the Phase II alloy compositions were based, are also provided for comparison. The Phase II alloys
consisted of a series of ternary NiAl'o alloys formulated for room temperature ductility and
toughness, a series of quaternary NiAICo (Hf, Ti) alloys formulated for strength and creep resistance,
and a composite powder mixture of NiAI and a Ni-base superalloy. These series are treated separately
below.

4.2.3.1 Strengthening Mechanisms in NiAICo Alloys

There are notable differences between the strengths of the various ternary NiAICo alloys as seen
in Table 23 and Figure 67. The room temperature strength trends appear to be related to the phase
structures, and the alloys can be divided into four separate categories by strength/structure. First, the
weakest of the alloys are A3 and B2, both of which have unstable structures with respect to a
martensitic transformation at room temperature. In Alloy A3, this is evidenced by a partially
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transformed structure, while Alloy B2 has shown instability in the form of extensive pre-yield deform-
ability (Section 4.2.5.1). The next two categories of alloys are those with a stable martensitic structure
(Alloys C and C2) and those with a stable B2 structure (Alloys A and A2). From the compression data,
it is evident that at room temperature, the B2 structure is stronger than the martensitic structure as
expected. Finally, Alloy C3 has the highest room temperature strength of all the ternary alloys tested
in this program, and it also contains the largest volume fraction (30 to 35 v/o) of gamma prime which
is most likely responsible for the high strength. However, owing to the blocky nature and incoherence
of the gamma prime precipitate in the LI0 matrix, the recorded strength is abnormally high. Therefore,
TEM was used to further investigate the reasons for the abnormally high strength of Alloy C3.

TEM thin foils of Alloy C3 were prepared from a compression specimen that had been tested
at room temperature. The microstructure is described in detail in Section 4.2.1. The most striking
feature of the microstructure was that the fine twin lamellae within the larger martensitic laths were
a factor of 6 to 37 times narrower than those seen in Alloys B and C. The lamnellae are twin-related
and so, in a given area, we see a much greater number of twin boundaries in Alloy C3 than in Alloys
B and C. It is possible that a large number of twin boundaries may resist propagation of dislocations
through the alloy and therefore provide strengthening, but this would only be effective at temperatures
below the martensitic transformation temperature of the material. The As temperature of Alloy C3
is about 330"C, but high strength is still observed at 540"C (1000*F) and above. Therefore, the
narrower lamellae, and hence increased number of twin boundaries, cannot totally account for the
high strength of this alloy. Perhaps there is a combined effect with the gamma prime in the alloy.

At the highest test temperature of 980"C (1800*F), the strengths of the ternary NiAICo alloys
are all rather low and fall within a narrow range. In this case, no microstructure-strength relationship
can be established. However, at the next highest test temperature of 760"C (1400F), there are
considerable differences in strengths among the alloys. It is particularly interesting to examine the
760"C yield strengths of Alloys A, B2 and C3, which are 316, 195 and 303 MPa, respectively. The com-
positions of Alloys A, B2 and C3, which have the same Al contents, differ only in the nickel-to-cobalt
atom ratios which are 1.0, 1.8 and 3.7, respectively. The lowest yield strength is associated with the
intermediate cobalt content. Note that at 760"C, the phases present in these alloys are primarily of
the B2 and L12 types. For a given aluminum content, the amount of the L12 phase decreases with
increasing cobalt content. The higher strength of Alloy C3, which has the lowest cobalt content, may
well be related to the largest quantity of L12 precipitate formed in this alloy. On the other hand,
Alloy A is as strong and has equiatomic concentrations of nickel and cobalt. The high strength of
Alloy A is thought to be related to the higher strength of the (Ni,Co)AI B2 phase. The B2 phase CoAl
is known to be stronger than NiAI (Reference 20). Therefore, a higher Co (Ni,Co)AI B2 phase should
possess higher strength than an equivalent lower Co (Ni,Co)AI phase.

In summary, it appears as if the room temperature strengths of ternary NiAICo alloys are
controlled by the phase structures and stabilities of these structures and, in general, stable B2 alloys
are stronger than stable martensitic alloys. At higher temperatures, the Co content appears to control
the strengths of the alloys. At high Co contents, a stronger B2 phase may be providing strength, while
at low Co contents, the presence of gamma prime appears to be important. A strength minimum
appears at intermediate Co contents where neither of the two above circumstances applies.

4.2.3.2 Strengthening Mechanisms in Modified NiAICo Alloys

The second series of alloys was formulated for purposes of strengthening via mechanisms of
solid-solution strengthening with Hf additions (Alloys AH and CH), precipitate strengthening with
Ti additions (Alloy CT) and particulate composite strengthening/toughening with MERL 76
superalloy additions to stoichiometric NiAI (Alloy Mixture M1). Unfortunately, the Hf did not remain
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in solution in Alloy AH and no precipitates were observed in Alloy CT (Section 4.2.1). Compressive
yield strength data for these alloys are listed in Table 24 and plotted in Figure 68 along with Alloys A
and C, upon which they are based, for comparison.

4.23.2.1 Effect of Hf Additions

Hf additions were made to Alloys A (in AH) and C (in CH) for solid solution strengthening
purposes. Hf appears to have a high temperature strengthening effect on both Alloys A and C as seen
in the results for Alloys AH and CH (Table 24). For example, at 760°C (1400*F) Alloy CH is 96%
stronger than Alloy C while Alloy AH is about 30% stronger than Alloy A. Alloy A is much stronger
than Alloy C at 760°C to begin with, so the strengthening effects of the Hf were not expected to be
as large. However, the room temperature strength of Alloy C is actually much larger than that of Alloy
CH. Alloy C contains a larger amount of gamma prime (25 to 30 v/o) than Alloy CH (20 v/o) which
may have had an effegt on the room temperature strength. At room temperature, the strengths of
Alloys A and AH are similar. Therefore, the Hf strengthening effects must be confined to higher
temperatures.

Among all the alloys tested in this program, Alloy AH possesses the best balance of high and
low temperature strengths. Therefore, in order to examine this alloy further, thin foils were cut from
Alloy AH which had been tested in compression at both room temperature and 760°C (1400° F) for
TEM studies. The high- and lo,-temperature microbtructures were characterized thoroughly and
prest~nted previously in Section 4.2.1. Recall that at room temperature, Alloy AH contains an Hf-rich
hexagonal grain boundary phase in a B2 matrix, but no gamma prime as seen in Alloy A. At 760'C,
the grain boundary precipitate is reduced in size and replaced, in part, by a disordered fcc (Al) phase.
In addition, a small amount (about 8 v/o) of rod-shaped hexagonal precipitates appeared in the
matrix. The presence of the I If-rich precipitate served to alter the remaining alloy composition such
that it was in a B2 + Al region of the phase diagram and was closer to the CoAl side of the B2
(Ni,Co)AI phase field, providing additional strengthening at all temperatures.

At 760°C (1400'F), the only major notable difference between Alloys A and AH (besides the
phases present) is the larger number of dislocations observed in Alloy AH as compared to Alloy A
(Figures 22 and 65). In addition, the dislocations in Alloy AH exhibit more curvature than those in
Alloy A. In a study by Vedula, et al. (Reference 19), Hf was shown to strengthen NiAI. It was postulated
that the strengthening was due to the interaction of dislocations and insoluble Hf particles. In the
present work, though, pinning of dislocations of the Hf-rich precipitates in Alloy AH was not
observed. However, the large number of dislocations in Alloy AH indicates less recovery in this
material. Perhaps this is related to the CoAl characteristics of the (Ni,Co)AI phase rather than any
precipitate effects.

4.2.3.2.2 Effect of Ti Additions

Contrary to the highly temperature-dependent strengthening effect of Hf as previously
described, Ti additions to Alloy C as seen in Alloy CT appear to have significant strengthening effects
at all temperatures (Figure 68 and Table 24). Although Ti was added in order to form strengthening
precipitates (e.g., Heusler), aside from gamma prime, no precipitates were noted in Alloy CT as d.eter-
mined by metallography, X-ray diffraction and TEM (Section 4.2.1). Further, the amount of gamma
prime in Alloy CT is less than or about the same as Alloy C. Therefore, the Ti is thought to provide
strengthening via solid solution mechanisms.
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4.23.2.3 Effect of Superalloy Particle Compositing

About 20 v/o of Ni-base superalloy (MERL 76) particles were added to a binary stoichiometric
NiAI matrix for the purpose of particulate strengthening and toughening. Compressive yield strength
data for the mixture are given in Table 24 along with data for binary NiAI. It is evident that the
-uperalloy additions succeeded in strengthening the alloy at all temperatures as expected, but not to
as significant an extent as the alloying additions of Ti and Hf when the increases in strength per unit
addition are compared. Further, Section 4.2.4 shows that the fracture toughness at room temperature
was not significantly improved either. Additional development of this approach would require coating
of the particles to prevent reaction with the matrix. However, since the mechanical property gains from
such an approach do not appear to be significant, further development of this approach was not
pursued.

4.2.3.2.4 Summary of Strengthening Approaches

It appears from this work that Hf is a very potent strengthener of NiAICo alloys, especially at
high temperatures, although the strengthening mechanism is unclear. Precipitate strengthening with
Ti may be a viable approach; however, more Ti (> 5 a/o) is needed to produce strengthening precipi-
tates such as the Heusler phase. Unfortunately, the Hf-modified Alloy AH and Ti-modified Alloys
AT and CT are brittle in tension at room temperature, which may discourage further strengthening
developments through alloying.

4.2.4 Room Temperature Fracture Toughness and Fracture Energy

Fracture toughness testing was conducted at room temperature on selected binary and cobalt-
modified ternary alloys using pre-cracked, chevron-notched specimens. All the binary NiAI alloys
were tested in the as-extruded condition and the ternary NiAICo alloys in the heat treated condition
(2 liours/1050*C/air cooled) as well, except for alloys A, B, and C, which were tested only in the
as-extruded condition. The binary alloys tested under these conditions were Ni-43 a/o Al and Ni-50
a/o Al, both of which are single-phase B2 alloys, while most of the ternary alloys contained martensite
and gamma prime. It is of interest to compare the fracture toughness of ternary NiAICo alloys with
binary NiAI alloys on an isostructural basis. Binary alloys with lower aluminum contents which
undergo a martensitic transformation were studied by Kumar and Mannan (Reference 21). These
alloys were prepared by hot-pressing of pre-alloyed powders, and their fracture toughnesses were
determined in the as-hot pressed condition using chevron-notched cylindrical specimens (Reference
22). The data from these alloys are given along with those of this program in Table 25.

The fracture toughness represents the critical stress intensity for propagating a crack. It is
calculated from the load required for a precrack of a specified length to begin propagating through
the material. A related value is the fracture energy, which represents the total energy required to
propagate the crack through the material and is calculated from the area under the load versus load-
point displacement curve. In addition, as shown in Section 4.2.5, the shape of the load-displacement
curve itself provides important clues to the martensitic toughening mechanisms. These items are
discussed in terms of microstructure and phase structures in the following sections.

4.2.4.1 Binary NiAI Alloys

Table 25 shows that the fracture toughness of binary NiAI alloys is 4 to 9 MPaF and is relatively
independent of aluminum content in the range of 37 to 50 a/o Al. In addition, small boron additions
have little effect on the room temperature fracture toughness. The microstructures observed in all the
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binary alloys consist entirely of a single B2 phase. However, the B2 phase in the binary alloys with
the lowest aluminum contents (37 and 38.5 a/o) tends to be unstable at room temperature under stress
since the Ms temperatures of these alloys are close to room temperature. In fact, martensite was
observed in electron microscopy to form at a crack tip in thin foil samples of Ni-37 a/o Al (Reference
23). The slightly higher fracture toughnesses of the binary alloys Ni-37 a/o Al and Ni-38.5 a/o Al can,
therefore, be attributed to a stress-induced transformation occurring in these alloys during the
fracture toughness testing.

Fracture energies were only able to be determined for Ni-43 a/o Al and Ni-50 a/o Al because
of the nature of the testing technique used on the lower Al alloys. The fracture energies were calculated
to be 3 to 7 N-cm/cm 2 for these alloys, providing a baseline for comparison for the various NiAICo
alloys.

4.2.4.2 Cobalt-Modified Ternary Alloys

The fracture toughness and energy of fracture, given in Table 25, show that the ternary alloys
studied are generally more fracture resistant than the binary alloys. However, there are considerable
variations among the ternary alloys. The fracture toughness of the best ternary alloy (C) is about 3
times higher, and the fracture energy about 20 times higher, than the highest values measured in the
binary alloys. In contrast, the fracture toughness values of the ternary alloys A2, A3, B, and D are
marginally superior and their fracture energy values only several times higher than the highest N alueb
measured in the binary alloys.

To gain insight into the origin of these differences, the fracture behavior of the binary and tcrnary
alloys during the fracture toughness testing and the effect of microstructure on the fracture resistanIu.
will be discussed. Discussion on the binary alloys is limited to the alloys with stable B2 phas, since
load-load point displacement data, vhich can be directly con-pared with thosc from the ternary alloy,,
are available only on these alloys. Typical load-displacemer. data for such alloys are reproduLd as
Curve B in Figure 69, which shows that the load in the che.r-)n-notched precraLked specimen
increases monotonically with the displacement until a critical level is r.:"hed when the crack becomes
unstable and propagates rapidly, resulting in an abrupt decrease in load. Such behavior is rather
typical of brittle materials. In contrast, the fracture behavior of the cobalt-modified alloys is quite
different. The fracture characteristics of such alloys are best illustrated by the load -displacement data
from a more fracture-resistant alloy (Alloy B2) which is shown as Curve A in Figure 69. Two significant
differences are obvious: an apparent "yielding" at a !ow stress during loading and a gradual decrease
in load after the maximum is reached. The apparent yielding is thought to be associated with the onset
of martensitic deformation or stress-induced martensitic transformation for alloys with unstable B2
phase at the crack tip zone. The plastic deformation at the crack tip zone continues after yielding by
martensitic mechanisms and, at higher stresses, may include dislocation slip activities as well until
a critical stress intensity is reached. The gradual decrease in load after the load peak suggests signifi-
cant crack-tip plasticity also occurs during the crack propagation stage, presumably by a similar mix
of martensitic and dislocation mechanisms as in loading. High plasticity at the crack tip generally
results in blunting of the crack and contributes toward crack resistance.

Although the fracture behavior of all the ternary NiAlCo alloys in Table 25 shares the characteris-
tics of Alloy B2 just described, there are considerable variations in the measured fracture resistance
among them. For example, the KIC of Alloy B2 is about 2 times higher and the fracture energy 5 times
higher than for the isostructural alloys A3 and D. There is no obvious correlation of these differences
with processing (as-extruded versus 2 hours/1050°C heat treatment) and grain size in these alloys.
However, important differences in the fracture behavior of the precracked specimens of Alloy B2 and
Alloys A3 and D as a group have been noted. In Alloys A3 and D, the yielding is much less pronounced
and the crack propagated considerably faster as evidenced by considerably faster rates of load
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decrease. This led to the conclusion that the differences in fracture behavior among the martensitic
alloys are related to the intrinsic deformability and fracture resistance of the martensitic phase. This
topic is discussed further in Section 4.2.5.

4.2.43 Cobalt-Modified Quaternary Alloys and NiAI Composite

This section focuses on the fracture toughness values of the Hf and Ti-modified alloys AH, CH
and CT as compared to their baseline alloys A and C and the composite mixture M1 (Table 26). In
Alloys AH, CT and M1, the fatigue precracking did not result in a linear crack front as specified by
the ASTM standards. In these cases, average positions of the precracks were used in the fracture
toughness calculations. Therefore, the fracture toughness value does not qualify as a KIC number and
is referred to as Kma.. These values should be used cautiously.

As previously discussed (Section 4.2.3.2.1), Alloy AH represents a significant strengthening
advantage over Alloy A at high temperatures. However, based on the tensile ductility results, the addi-
tion of Hf embrittled the material at room temperature. Further, the fracture toughness value dropped
from 18.5 for Alloy A to 10.9 MPaFI for Alloy AH. Following the same trend, the fracture energy
dropped from 77 to 12 N-cm/cm 2.This value for Alloy AH is still higher than for the best binary alloy.
In addition, the Ti-modified form of Alloy A (Alloy AT) was so brittle in cast form that the ingot
cracked during the canning stage and was not extruded. The fracture toughness values for Alloy AT
are therefore expected to be even lower than for Alloy AH.

Recall (Section 4.2.3.2) that both Alloys CH and CT appeared to offer some strengthening advan-
tages over their baseline (Alloy C) in the as-extruded condition. However, these two alloys are very
different from Alloy C in their toughness characteristics. First, Alloy CT is very brittle. In fact, the
fracture toughness and fracture energy values for Alloy CT are comparable to binary NiAl alloy values.
In contrast, the fracture toughness values for Alloy CH are quite high (17.7 and 22.8 MParf for
as-extruded and heat-treated alloys, respectively). Further, the fracture energy value for the heat-
treated form of Alloy CH is 229 N-cm/cm2 , which is the highest recorded for any alloy in this program.
This is especially interesting in light of the fact that the as-extruded form of this alloy produced a
fracture energy of only 37 N-cm/cm 2. Examination of the microstructures of Alloy CH in both condi-
tions (Figure 54) reveals a small amount (about 10 to 15 v/o) of gamma prime decorating the grain
boundaries of the martensitic NiAICo phase. However, during the 2 hours/1050'C heat treatment,
the gamma prime particles coalesce to form a duplex grain structuie with a larger amount (about 20
v/o) of gamma prime. Evidently, this duplex gamma prime plus martensite structure is much more
fracture resistant than the as-extruded structure. Perhaps the gamma prime phase aids in crack
blunting which would cause the alloy to resist propagation of a crack and therefore increase the
fracture energy of the material.

In addition to the alloying modifications, a powder mixture of Ni-50AI with 20 v/o MERL 76
(a Ni-base superalloy) was made to explore the effects of superalloy compositing on NiAl. The
superalloy particles were expected to improve the toughness of NiAl and, in fact, the fracture
toughness of the powder mixture is about 2.5x and the fracture energy about 3x the values for binary
NiAl alloys. However, these improvements are not as great as have been achieved through alloying
with cobalt. Further, the stability of the superalloy particles in NiAl is a problem that can be addressed
only through the expensive process of coating the particles with alumina or yttria as a diffusion barrier
prior to consolidation. Because of this and the marginal improvements in ,trength (Section 4.2.3.2.3),
this approach was not further pursued in this program.

4.2.4.4 Effect of Boron on the Fracture Toughness Behavior

Table 25 shows that a small boron addition has essentially no effect on the Kjc and the fracture
energy of the stoichiometric binary alloy. In contra.st, a comparison of the fracture properties between
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Alloys B and B2 (Table 25) shows a deleterious effect of the boron addition on KiC although the
fracture mode was the same for both alloys (intergranular). These apparently inconsistent boron
effects can be rationalized in terms of the phase microstructure in these alloys. First, the binary alloys
have a B2 structure while the ternary alloys are martensitic at room temperature. Further, the addition
of boron to the ternary alloy changes the type of secondary phase formed in the alloy. In the boron-free
ternary alloy (Alloy B2), about 5% of an Ni3Al-type phase is formed as stringers along the grain
boundaries. On the other hand, when boron is added (in Alloy B), a boride phase forms as a grain
boundary film and no Ni3Al-type phase is seen. The binary alloy, with and without boron, was a single
phase B2 alloy.

The fracture toughness differences between Alloys B and B2 are apparently indirectly related
to the presence of different secondary phases in the material through their effects on the matrix com-
position, especially the Al content. The aluminum content of the boride phase in Alloy B was deter-
mined via electron microprobe to be 11 a/o, while the aluminum content of the Ni3Al-type phase in
Alloy B2 is estimated to be slightly higher from results on similar alloys. Precipitation of a lower Al
phase will result in enrichment of the matrix in Al which has a strong effect on the properties of the
martensitic phase. There is 2 to 5 times as much precipitate in Alloy B2 as in Alloy B (5 v/o as com-
pared to < 2 v/o). Therefore, more Al enrichment is expected in Alloy B2 which should manifest itself
in slightly lower transformation temperatures for Alloy B2 as compared to Alloy B which is the case
(Thble 14).

Further, there are differences between Alloys B and B2 in the shape of the load-displacement
curves from the fracture toughness test. Specifically, the boron-free alloy (Alloy B2) shows a
pronounced "yielding" in the curve well below the stress required for the precrack to begin
propagating (Figure 69, Curve A). A similar "yielding" in Alloy B is barely discernible. This "yielding"
is considered a characteristic of the martensitic transformation in the alloys acting to accommodate
the applied stress/strain. The operation of such martensitic transformation mechanisms is generally
easier near the transformation temperatures of the material (Section 4.2.5). Therefore, transformation
temperatures closer to room temperature (as in Alloy B2) should make the operation of such
mechanisms more likely.

4.2.4.5 Effect of Heat Treatment on Fracture Toughness of Alloys B2 and C

The observations in the previous section are intriguing for they suggest that the fracture
propeities of these martensitic alloys can be optimized through adjustment of the martensitic matrix
composition via controlled precipitation of selected secondary phases. The amount of secondary
phase, e.g., gamma prime, can be varied by heat treatment in order to affect the stability of the marten-
sitic phase in the alloys. For example, in Ni-36 a/o Al, the amount of gamma prime phase was changed
from 0 to 30 v/o by heat treatment (Reference 1). In the process, the structure of the matrix changed
from martensitic to a stable B2 phase. It has been estimated that the precipitation of 30 v/o Ni3AI
enriched the matrix by about 4 a/o in aluminum, stabilizing the B2 phase against martensitic transfor-
m,ttion at room temperature. As the stability of the martensitic phase at room temperature appears
to have an influen,-e on the fracture toughness, heat treatment studies were performed on Alloys B2
and C to examine the influence of microbtructure on the room temperature fracture toughness. Both
alloy, were originally prepared as cast ingots which were extruded at 980'C (1800' F) with a 9:1 reduc-
tion in area. Each alloy was then subjected to a series of heat treatments followed by metallography
and fracture toughness testing. The results are presented in Table 27.

4.2.4.5.1 Effect of Gamma Prime Volume Fraction

The results for Alloy C show that, for a similar grain size (ASTM 5, 0.06-mm diameter),
increasing the amount of gamma prime phase from 20 to 33 v/o appears to have little effect on the
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fracture toughness values which range from 23 to 33 MPa Fm .Similarly, increasing the volume fraction
of gamma prime from 3 to 13 percent in Alloy B2 has no effect on the fracture toughness which remains
17.7 MPa Fm .Therefore, in spite of the predicted effect of controlled precipitation on the martensitic
transformation mechanisms (and therefore fracture behavior), no great effect was seen. Evidently, the
effects are much more complex than suspected.

4.2.4.5.2 Effect of Grain Size

For both Alloys B2 and C, the heat treatment at 1300°C resulted in materials with very little
gamma prime and a very coarse grain size of ASTM -3 (1.0 mm diameter). The coarse-grained
material of Alloy B2 fractured intergranularly prior to testing, suggesting that a coarse grain size is
extremely detrimental to the fracture toughness of this alloy. In contrast, a specimen of the coarse-
grained Alloy C showed a fracture toughness value similar to the fine-grained material, although a
separate specimen exhibited a considerably lower value. The following section attempts to explain the
large differences in fracture behavior between the coarse-grained forms of Alloys C and B2 as well
as the large scatter in fracture toughness values observed in the coarse-grained Alloy C.

Both Alloys B2 and C form martensite upon cooling to room temperature. However, an
important difference between the two is the temperature at which this occurs. The Ms temperature
of Alloy B2 is about 110°C, which is below the ductile-brittle transition temperature (DBTT) of the
material. On the other hand, the Ms of Alloy C is 665°C which is above its DBTT During the transfor-
mation of neighboring grains of different orientations, there can be problems with accommodation
of the transformation strains across the grain boundaries, especially in coarse-grained materials. If
the transformation occurs above the DBTT of the material, the grains of the material can deform to
accommodate the strain. However, below the DBTT7 the grains are brittle and will not deform,
resulting in stress concentrations at the grain boundaries and increased susceptibility to grain
boundary cracking. The presence of a more ductile grain boundary precipitate may help to alleviate
this problem by deforming to reduce the grain boundary stresses. Therefore, the extreme brittleness
of coarse-grained Alloy B2, which lacks any potentially helpful grain boundary precipitates, may be
due to these problems associated with transformation below the DBTE.

Another important consideration is the higher propensity for grain boundary embrittlement,
with increasing grain size, due to segregation of impurities. Further, it is known that both grain
boundary segregation and the accommodation of transformation strain across grain boundaries
depend on the specific orientation relationship between the adjacent grains. This anisotropic effect
could result in large scatter in fracture resistance in very coarse-grained materials.

4.2.5 Martensitic Phenomena in NiAICo Alloys

The martensitic B2 to LI0 transformation appears to play a significant role in the mechanical
properties of NiAICo alloys as seen from a variety of results from this program. In particular, marten-
sitic NiAICo alloys have shown superior room temperature ductility and fracture toughness properties
as compared to non-martensitic alloys in other ternary systems. Further, the martensitic transforma-
tion plays a role in enhancing these properties by:

" Accommodating the imposed strain via a stress-induced B2 to martensite
transformation in Alloy A.

" Blunting cracks in Alloy B.

* Nucleating new martensitic variants to accommodate strain in Alloy C.
* Martensitic "yielding" behavior in the fracture toughness curves of Alloy B2.
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Ductility in the isostructural compound NiTi is attributed to a similar transformation, indicating
good potential for exploiting the martensitic transformation in NiAl for enhanced ductility and/or
toughness. However, not all martensitic alloys are ductile. Therefore, it is evident that the important
factors which govern martensite-induced plasticity must be identified in order to choose favorable
alloying directions for NiAl. In a separate study (Reference 12), a comprehensive review of the litera-
ture was undertaken, using NiTi as a model system, and the the specific effects of cobalt on the marten-
sitic transformation characteristics of NiAl were determined. The important martensitic toughening
parameters are:

" The mobility of the martensitic variant interfaces. The magnitude of the stress
required to nucleate and/or rearrange martensitic variants in the alloy, am,
provides an indicator of the mobility. am is lowest (mobility highest) near the Ms
temperature.

* Transformation strain anisotropy. A large anisotropy in the transformation
strain results in problems with accommodating strain at grain boundaries. The
anisotropy can be calculated from the lattice parameters of the parent and
martensitic phases.

" The magnitude of the fracture stress, of. of must be greater than am to allow the
martensitic transformation mechanisms to operate.

For a fixed Al content, cobalt additions to NiAI:

* Reduce the MS temperature.

" Reduce the transformation strain anisotropy.

• Increase the fracture strength of NiAI.

These results were used to formulate some of the ternary NiAICo alloys that were studied in
Phase II of this program.

In order to characterize the martensitic transformation behavior in the NiAICo alloys studied
in this program, martensitic transformation temperatures were determined using dilatometry. Results
are given in Table 14, and approximate Ms temperature contours are drawn on the NiAICo phase
diagram in Figure 19. In addition, the deformation characteristics of the Phase II alloys were explored
by critically examining the stress-strain behavior and performing TEM analysis on selected alloys
the results are presented in the following sections.

4.2.5.1 Preyield Deformation in Martensitic Alloys

A number of alloys tested in this program exhibited room temperature elongations as measured
on the specimens after testing. However, no plastic yield point was observed on the tensile stiess-
strain curves. In addition, with the exception of Alloy A, no martensitic yield stress oi "shelf" was
observed in tension either. This measurable "preyield" plastic strain, therefore, is a, parently
associated with the martensitic transformation, but the transformation,defoxination occurs
throughout a broad range of stresses below the plastic yield point, cry, of the material rather than at
one specific stress, am.

To study these effects more thoroughly, compression data from martensitic alloys as well as
stable B2 phase, non-martensitic alloys were studied in detail. In particular, the slopes of the compres-
sive stress versus strain curves in loading and unloading were analyzed. The slope of the stress-strain
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curve in loading, in the absence of preyield plastic deformation, should be the same as that in
unloading, and both approach the Young's Modulus for the alloy. In contrast, a smaller slope in
loading than in unloading is indicative of preyield deformation in the material (Figure 70). The loading
and unloading slopes from various alloys are recorded in Table 28.

Alloys E, F, and J, which do not undergo a martensitic transformation, do not show any preyield
plastic deformation and have an average stiffness of about 136 GPa (19.8 Msi). This is in reasonable
agreement with the dynamic Young's Modulus of a nonmartensitic binary NiA1 alloy (135 GPa, 19.6
Msi) with comparable aluminum content (40 a/o) (Reference 24). However, there are some important
differences among the alloys which do undergo martensitic transformation. First, the room tempera-
ture unloading stiffnesses (83 to 118 GPa, 12 to 17 Msi) measured for martensitic NiAICo alloys (Alloys
A3, B, B2, C, and C2) are considerably lower than for the B2 phase alloys. Further, the measured
stiffnesses are in reasonable agreement with the dynamic Young's Modulus (100 GPa, 14.5 Msi) of
a martensitic binary NiAI alloy with comparable aluminum content (37.5 a/o) (Reference 24).

An exception to the martensitic NiAlCo alloys is Alloy C3 which, though martensitic at room
temperature, has an unloading stiffness (126 GPa, 18 Msi) which more closely resembles that of a B2
alloy. This is most likely due to the large volume fraction of gamma prime (30 to 35 v/o) in this alloy.
The dynamic Young's Modulus of stoichiometric Ni3AI is about 180 GPa (26 Msi) (Reference 24). An
estimate of the Young's Modulus of martensitic NiAl containing 30 v/o gamma prime, using Rule of
Mixtures and values of 100 GPa for the martensitic phase and 180 GPa for the gamma prime phase,
is 128 GPa (18.6 Msi) for the mixture, which is very close to the stiffness value measured for Alloy C3.

The measured stiffness in unloading should approach the Young's Modulus of the material, while
the stiffness in loading may include the effects of any preyield martensitic transfornmation/deformation
behavior. Therefore, to study the preyield deformability of the various alloys, one should compare the
value of the stiffness in unloading with that in loading. The ratio of the stiffnesses is given in Table
28 and provides a quantitative measure of the ease of preyield martensitic deformation in the material.
In addition, the stiffness ratios for a number of alloys are plotted as a function of the Af temperature
of the alloys in Figure 71. In order to simplify the analysis, quaternary alloys and alloys with very large
amounts of gamma prime (> 30 v/o) were not included. Note that the ratio is highest for an alloy with
its Af temperature just below the test temperature. Further, if one plots the ratio as a function of the
test temperature for an alloy (as done for Alloy B2 in Figure 72), the ratio is again seen to be highest
just above the Af temperature.

Near the Af/Ms temperatures of a material, the thermodynamic driving force for the martensite
to parent transformation is the highest. Therefore, martensitic transformation/deformation processes
can favorably occur, which explains the increased preyield deformation near these temperatures. In
addition, martensite deformability is apparently related to the mobility of martensitic interfaces in
the material, which in turn should be related to the mobility of dislocations within the materials. The
strength of an alloy is indicative of the difficulty in moving dislocations through the alloy. Note in
Figure 72 that the strength of the material also drops in the Af/Ms temperature region of the material,
indicating perhaps higher dislocation mobility in the material.

As previously described, the preyield deformation of various NiAICo alloys was studied via the
loading and unloading slopes in the compressive stress-strain curves. VIM Alloy B (Ni-30 a/o A1-25
a/o Co-0.25 a/o B) exhibited a relatively large hysteresis between the loading and unloading slopes,
indicating the deformability of the martensite in this alloy to be high. To explore the microstructural
features accompanying the deformation, TEM was performed on compression samples of VIM Alloy
B both before and after deformation (to 2% plastic strain) at room temperature. These results are
described in Section 3.4.3.1.2. Under compression, the martensitic plates in the material accommodate
the deformation by the formation and/or rearrangement of the fine twin lamellae within the plates.
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The material ultimately fails because of cracking between the martensitic matrix and the grain
boundary boride phase. Since Alloy B2 is the same composition as Alloy B, but without the boron,
it is possible that Alloy B2 is less susceptible to this type of cracking and will be more fracture resistant.
Table 25 shows that the fracture toughness of Alloy B2 is indeed greater than that of Alloy B.

4.2.5.2 Postyield Deformation in Martensitic Alloys

In contrast to some of the above alloys is Alloy C (Ni-29 a/o Al-21 a/o Co), an alloy with relatively
high fracture toughness (up to 33.3 MPa rm ) and some measurable room temperature ductility (up
to 2.2%). However, this alloy shows no noticeable preyield deformation at room temperature as
observed in either the loading and unloading slopes (Table 28) or the microstructure. However, exami-
nation of the microstructure of Alloy C throughout a room temperature compression test revealed
martensitic transformation mechanisms operating at or just after plastic yield in the material (Section
3.4.3.1.3). At yield, new martensitic variants nucleated which intersected the existing variants. These
did not appear prior to yield in the material. The new variants nucleated only in existing variants which
were aligned parallel with the applied stress. The new variants grew perpendicular to those particular
variants and were, therefore, normal to the applied stress. Obviously, this was the most desirable
orientation with which to accommodate the applied stress.

The tensile fracture strengths recorded for this alloy (820 MPa and 587 MPa for the as-extruded
and heat-treated conditions, respectively) are very close to the compressive yield strength of the heat-
treated material (754 MPa). Therefore, it is the relatively high fracture strengths of Alloy C which allow
the martensitic transformation mechanism (which only operates at higher stress) to accommodate the
stress/strain and provide the observed room temperature toughness and ductility.

4.2.6 Secondary Properties

Based on earlier data generated in this program, including tensile strength and ductility, com-
pressive strength and deformability, and fracture toughness and fracture energy, alloys were selected
which appeared to warrant further testing for secondary properties, including creep resistance and
low cycle fatigue. Alloys were selected, which were in the top half of all alloys tested in strength as
well as fracture toughness and fracture energy. Using these criteria, five alloys were selected for further
evaluation: Alloys A, AH, C, C2, and CH.

4.2.6.1 Compressive Creep

Secondary creep rate was determined as a function of stress at 7600C (1400*F) and 980"C
(1800*F) for selected Phase I and Phase II alloys. The results are given in Figures 73 and 74 along
with data for binary NiAl for comparison (Reference 25). An idea of the relative creep resistance of
the alloys can be determined by comparing the creep rates at a similar stress level for all the alloys.
Note that, in general, the ternary NiAlCo alloys tested (Alloys A, C and C2) are no more (and some-
times less) creep resistant than binary NiAL. On the other hand, at 760°C (1400°F) and 34.5 MPa (5
ksi), the alloys with Hf additions exhibit the lowest creep rates of the series and show a noticeable
improvement over the binary and ternary alloys. Therefore, it appears that Hf succeeds in increasing
the creep resistance of NiAlCo alloys at this temperature, and preliminary results on AH (a
Hf-modified form of Alloy A) at 980"C (1800*F) appear to indicate that Hf additions are effective
at still higher temperatures as well. This is consistent with the results of Vedula, et al. (Reference 19)
on the effect of Hf additions on binary NiAl.

However, the results at both temperatures seem to indicate that 5% Ti does not offer much hope
for increasing the creep resistance of NiAlCo alloys, as the creep strength of Alloy CT is much worse
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than the binary NiAI at 7600C (1400 0F) and about the same at 980°C (1800°F). Strutt and Kear
(Reference 26) showed that Ti is effective in greatly improving the creep strength of NiAl when enough
Ti is added to form a sufficient amount of Heusler phase in the alloy. However, no Heusler precipitates
were observed in Alloy CT Therefore, in order to precipitate a Heusler phase and utilize its
strengthening and creep resistant benefits, more Ti must be added to this alloy.

Note also that the stress exponents for Alloys AH, C2, and CT are different than for the rest
of the ternary alloys. The measured stress exponents at 760°C (14000F) are given in Table 29 along
with stress exponents for various binary NiAI alloys. The aluminum contents for the ternary and
quaternary alloys are all about 30 a/o. Unfortunately, no data are available for lower aluminum NiAI
alloys for accurate comparison. It is apparent that the stress exponent of NiAI gradually decreases
with decreasing Al content, but it is unclear what the stress exponent will be in a binary alloy near
30 a/o Al. However, it is clear that the ternary and quaternary alloys fall into two distinct groups -
those with exponents from 3-4 and those with exponents from 1-2. The amounts of various precipitates
in these two groups (including gamma prime, fcc, and hexagonal types) do not vary greatly from each
other. Therefore, the differences in stress exponents do not appear'io be a precipitate effect. Further,
it does not appear to be structurally dependent as all alloys are of the B2 structure at the test tempera-
ture.

Vandervoort, et al. (Reference 27) reported that binary NiAI alloys with 44, 50.4 and 54 a/o Al
had stress exponents (n) between 3 and 4 and activation enthalpies (AH) between 64 and 78 kcal/mole
at temperatures of 1000°C and above. The mechanism for creep in these alloys was determined to
be the viscous motion of dislocations. At temperatures from 1000 to 00°C, the activation enthalpies
for the alloys with 44 and 50.4 a/o Al decreased with decreasing temperature, while that of Ni - 54 Al
remained relatively constant. In all three alloys, the stress exponent increased with decreasing temper-
ature between 1000 and 8000 C to a value of about 7 in the stoichiometric and Ni-rich alloys. The creep
mechanism in this intermediate temperature region was undetermined.

The stress exponent of Alloy A at 7600C was determined to be about 3. Therefore, the creep
mechanism of Alloy A is apparently the same as was determined by Vandervoort, et al. for the binary
alloys above 1000C, namely the diffusion-controlled viscous motion of dislocations. The melting
temperature of Alloy A was determined to be about 1775K, while that of the binary alloys is about
1910K. Therefore, although the test temperatures of the binary alloys and Alloy A are different, they
represent similar fractions of the melting point, namely 0.6 Tm and 0.7 Tm for Alloy A and the binary
alloys, respectively. Therefore, the creep mechanisms may well be similar. However, the activation
enthalpy for creep in Alloy A is only 38 kcal/mole (159 kJ/mole) which is about half that of the binary
alloys.

In contrast to Alloy A, creep in Alloy AH appears to be governed by a different mechanism.
The stress exponent of Alloy AH was measured to be about 1, which implies a change in the creep
mechanism. The creep mechanism at work in this alloy has yet to be determined. Furthermore, the
activation enthalpy for creep was calculated to be about 16 kcal/mole (68 kJ/mole), which is about
half the magnitude of Alloy A.

4.2.6.2 Low Cycle Fatigue Testing

Low cycle fatigue (LCF) data were generated at room temperature and/or 760 0C (1400 0F) for
selected alloys which showed some promise in terms of strength and room temperature ductility/
toughness.The results are given in Table 30. The number of specimens tested was limited, for by this
point in the program, only a small section remained of the extruded bar of each alloy. Specimens were
fatigue tested at a frequency of 0.75 Hz and an R ratio of zero. The test was considered a run-out
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if the specimen eceeded 5000 cyces at a given sums k'nL The maximum tensile stes achiax-L
along with the number of cydes at that srss, is given in the te The alloys leswd included Alloy)s-
A, C, CZ and CHM although no data were obtained for Aloy A. Owing to an insufftcient amount of
material remaining, the room temperature specimen of AikW Awas machined from a section of the
extruded bar corresponding to the top section of the cast extnsion preform. The presence ofunheazxd
porosity in the specimen resulted in premature failure and no results were obtained.

All the alloys tested at room temperature (C, C2, and CH) failed at 60 ksi, althg the actual
number of cycles to failure varied. Therefore, the room temperature fatigue strength of these Ni Co
alloys is about 60 ksi %ith litle or no dependence on composition from 29 to 31 afo Al and 16 to 21
a/o Co. Also, based on the results for Alloys C and CH, Hf additions do not appear zo affect the room
temperature fatigue strength of Ni-29 alo AI-21 alo Co. Howeer, the fatigp life at 60 ksi has been
improved tremendously (from 20 to 14,160 cycles). At 760"C (1400), onty Alko s C and C2 were
tested. It appears that Alloy C2 (Ni-31 alo Al-16 alo Co) is more fatigue resistant at 760°C than
Alloy C (Ni-29 a/o Al-21 a/o Co). The reasons for the improved fatigue resistance are unknow,.L
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&.PHASE nl AUiYS

The Phase I and Phase H studies showed that the fracture toughness oisome temay martensitir
N-AlC allys was sagnificanad better than the bmay MA aly How r the ternmy maensWc
alloys are %vak at high temperatures. mpts to strengthen these tough base allo) mith quaternary
additions invrdably debited the fracture tougbness een with small quaternary additions. With the
cowurrence of the Air Forew, a compositing approach was used to improve the strength characteris-
tics of a selcted NiAlCo akoy.

$.1 SLWTRIX SELECrION

After careful review of all Phase I and H alhoy Alloy C (Ni-21 alo Co-29 alo Al was selected
for the Phase Ill matrix material based on it superior room temperature toughness (as high as
33 MPalm ) and ductility (2.2'. However, Alloy C was shown to be weak at all temperatues and
have poor creep resistance. The reinforcement material was chosen to address these deficiencies.

5.2 REINFORCEMENT SELECTION

Chopped PRD-166 (80% alumina + 21Y zirconia) fibers were chosen as the reinforcement
phase because of a variety of factors:

* Thermal stability in NiAI alloys.

0 Commercial availability at relatively low cosL

0 Good strength at high temperatures.

* Chopped fiber approach provides more options for processing and consolida-
tion of the materials.

Further, the chopped fiber additions were expected to have some of the following beneficial
effects on the chosen matrix materials:

0 Improve the creep resistance.

0 Improve the strength, especially at high temperature.

• Toughen via crack deflection.

0 Increase the modulus.

• Lower the overall density of the material.

5.3 RESULTS AND DISCUSSION

5.3.1 Material Characterization

Optical metallography and scanning electron microscopy were performed on the Phase III
material, and results are summarized and compared with results from the baseline NiAICo alloy in
Table 31. The microstructure of the Phase III material is presented in Figures 75 and 76.

Note that the phase distribution within the NiAICo alloy matrix is the same with and without
reinforcement. However, the reinforcement does change the grain size significantly. This fine grain
size also can be seen clearly in Figure 75. In addition, Figure 75(a) shows the reinforcement to be
distributed uniformly throughout the cross section of the specimen. This uniforniy %as seen
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throughot the entire length of the extnided bar. The fiber diameter is about 15 to 25 microns. The
fibers wre intiialy chopped to lengths of about 5 nm, corresponding to an aspect ratio of about 250.
Howevmr, as seen in Figure 75(b). the fibers were fractured duiring the consolidation process, i.e., in
the mechanical blending and/or extrusion processes. The result is fiber lengths ranging from 20 to 100
microns, corresponding to an average aspect ratio of about 25 to 3, which is 100 times smaller than
the aspect ratio of the initial chopped fibers. The material should be considered particulate rather
than chopped fiber reinforced.

Scanning electron microscopy (SEM) was performed on sections of the Phase III material to
further study the microstructure, especially to determine the chemical reactivity and mechanical
integrity between the reinforcement and the matrix. The SEM secondary electron images are shown
in Figure 76. Figure 76(a) shows the cross section of a fiber and the lack of any interfacial reaction
zone. More detailed SEM examination confirmed that no reaction layer exists. This is consistent with
various studies of the compatibility of alumina-based reinforcements and NiAI alloys (References 28
and 29). Figure 76(b) reveals that there were occasional voids that formed in the material at the ends
of the fibers. These voids seem to be due to lack of sufficient metal flow around the fibers during
extrusion. The influence of these voids on the mechanical properties of the material is described in
Section 532.

5.3.2 Compressive Strength and Modulus

Compression testing to determine the 0.2% yield strength and elastic modulus was performed
on specimens of the Phase Ill material. The material was tested with the stress axis both perpendicular
and parallel to the extrusion direction to study the effect of fiber orientation on strength. The strength
results are given in Table 32 and Figure 77 along with results for the matrix alloy (Alloy C,
Ni-29a/oAI-21a/oCo) for comparison. The elastic modulus data are given in Table 33 and Figure 78.

The Phase I material is stronger and stiffer than the baseline matrix Alloy C in both orienta-
tions and at all temperatures tested. However, there are important differences between the two
orientations of the Phase III material. First, the strength is greater in the material tested parallel to
the extrusion direction than in the perpendicular direction at all temperatures. This result is not clearly
understood. Particulate strengthening theories can be applied which state that the strength of the com-
posite is inversely proportional to the square root of the interparticle spacing (Reference 30). In this
theory, the role of the particles is to impede the movement of dislocations in the material. The particles
are slightly elongated, resulting in different interparticle spacings for different slip planes. Therefore,
it is possible that the difference in strength between the two test conditions is due to different interpar-
tide spacings on the slip planes. However, it is difficult to provide a more definitive reason for the
strength differences.

On the other hand, the elastic modulus results (Figure 78) can be readily linked to the presence
and morphology of the PRD-166 fibers. Using a simple Rule of Mixtures formula, the room tempera-
ture modulus of an NiAICo alloy (E = 90 GPa) containing about 15 v/o of PRD-166 fibers (E = 380
GPa) should be 134 GPa, which is exactly the modulus of the material tested perpendicular to the fiber/
extrusion direction. In contrast, the modulus of the material tested parallel to the fiber/extrusion direc-
tion is not very different from the unreinforced NiA1Co material. These differences can be explained
by examining the bonding of the fibers with the surrounding matrix material. Recall (Section 5.3.1)
that the Phase III material frequently contained voids in the matrix material at the ends of the fibers.
Further, as shown in Section 5.3.3, the fibers are weakly bonded to the matrix. The result of these two
features is that when the material is stressed parallel to the fibers, the fibers support little to none
of the load and provide no modulus enhancement. On the other hand, when the material is compressed
normal to the fibers, the fibers can contribute fully and enhance the modulus to the theoretical extent
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expected. Perhaps with better processing, the voids can be eliminated and the modulus can be

enhanced in all orientations of the material.

5,3.3 Tensile Ductility

The Phase III material was tested in tension to determine the ductility as a function of tempera-
ture. Results are given in Table 34 and Figure 79 along with equivalent data for the powder processed
matrix material (Ni-29 a/o Al-21 a/o Co). The Phase Ill material was tested with the stress axis parallel
to the extrusion/fiber direction. It is apparent that the addition of the PRD-166 fibers degrades the
ductility of the material at all temperatures. A ductility transition is observed between 5000 C to 600°C,
which is higher than the matrix material alone (-400oC). However, below the ductility transition, some
small amount of ductility is still noted in both materials (:s 2.5%). Figure 80 shows the fracture
behavior of the Phase IiI material both below and above the ductility transition. Note there is some
evidence of fiber pull-out below the ductility transition, although fiber breakage is also prevalent. The
mixture fails via transgranular cleavage. Cracks appear to originate at the fiber matrix interface,
especially at the corners and voids at the ends of the fibers. Above the ductility transition (Figure 80d),
the matrix fails in a ductile mode around the reinforcement. It appears that the ductility of this
material may be improved somewhat by optimizing the processing in order to maintain sufficient fiber
length for fiber pull-out mechanisms to contribute significantly.

5.3.4 Fracture Toughness

Two tests were performed to measure the room temperature fracture toughness of the Phase III
material: a slow bend KI test and a Charpy Impact test. KIC and Charpy Impact Energy values of
18.9 to 20.5 MPa,/-i and 0.84 N-m were measured for the Phase III material at room temperature.
While Charpy Impact data were not generated for other alloys in this program, the KIC values can
be compared to some of the best alloys from earlier phases of the program (Table 35). The highest
toughness values (22.8 to 33.3 MPa m ) were recorded for the extruded ingot of Alloy C (Ni-29 a/o
AI-21 a/o Co) which is the matrix alloy for the Phase III material. However, the Phase III material
exhibited the next highest toughness values (18.9 to 20.5 MPa'i ) of all the materials tested in this
program. An examination of the fracture surfaces (Figure 81) reveals some limited fiber pull-out, but
primarily fiber breakage with the matrix undergoing transgranular cleavage, similar to the tensile
results. The ve-y short fiber length prohibits fiber pull-out mechanisms from contributing
significantly to toughen the material. Further, the tensile results showed that the voids at the end of
the fibers and the weak interface serve as crack nucleation sites. By optimizing the consolidation
process to maintain a large aspect ratio of the fibers and eliminate the voids, it may be possible to
realize the expected toughening benefits.

5.3.5 Compressive Creep Strength

The Phase III material was tested for compressive creep with the stress axis both parallel and
perpendicular to the extrusion/fiber axis. Results are provided in Figure 82 along with some data for
the matrix alloy alone (Ni-29 a/o AI-21 a/o Co). No trend can be seen between the two orientations
of the Phase III material at all temperatures. However, it appears at the higher temperatures that the
material tested parallel to the extrusion/fiber axis is more creep-resistant than the material tested
perpendicular. Further, based on the results at 980°C (1800°F), the Phase III material is less creep-
resistant than the monolithic matrix material.

It is generally known that grain boundary sliding is an important creep mechanism in high
temperature creep which results in a direct relationship between creep resistance and grain size.
Apparently, in the present case, the fiber reinforcement is more than offset by the faster grain
boundary creep in the fine grain composite material.
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53.6 Low Cyle Fatigue

Room temperature low cycle fatigue (LCF) testing was performed on specimens of the Phase
III material. The specimen was cycled between zero stress and the maximum stress at 40 cycles per
minute at four different stresses. The results are presented in Figure 83. Some of the data points can
be compared to other alloys from this program (see Table 30). It appears that the PRD-166 addition
succeeds in greatly improving the LCF life. In particular, Alloy C (Ni-29 a/o Al-21 a/o Co) failed after
20 cycles at 414 MPa. Extrapolating the curve for the Phase III material reveals that, for the same stress
(414 MPa), the LCF life will be over 600,000 cycles. Of course, the comparison is not totally valid
because the specimen of Alloy C was tested at lower stress levels prior to the test at 414 MPa. However,
even adding the cycles achieved at lower stress levels to those achieved at 414 MPa still results in a
total of only 150,020 cycles, which represents a fourfold improvement for the Phase III material. The
fracture surface is shown in Figure 84 and reveals extensive fiber pull-out with some fiber breakage.
Further, close examination of a martensitic grain in the fracture surface (Figures 84b and 84c) reveals
chisel-edge fracture of the grain boundary gamma prime particles. This ductile phase may be a
contributor to some of the good room temperature properties of these materials.
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6. STUDY OF ATOMIC BONDING

6.1 TECHNIQUES FOR STUDYING ATOMIC BONDING

Extended X-ray Absorption Edge Fine Structure (EXAFS) studies were used to determine the
local atomic bond strengths in selected ordered alloys. The EXAFS spectrum shows the influence of
neighboring atoms (including atom species, spacial arrangement and motion) on the absorption of
X-ray photons and resultant photoelectron ejections in the material. The spectrum is obtained by
measuring the linear absorption coefficient for X-rays in the vicinity of an absorption edge as a func-
tion of the wave number k of the ejected electron, which is seen as an oscillatory modulation which
is superimposed on the monotonic absorption-edge background. To determine atomic bond
strengths, the main EXAFS peaks must undergo a Fourier transform and are then back-transformed,
thus eliminating the higher order EXAFS peaks in the process.

The EXAFS corresponding to the first three atomic shells are compared with a theoretical
expression derived by Stern, et al. (Reference 31), which describes the oscillatory portion of the fine
structure as follows:

1 M _Rp

X(k) = -3 j- t( 2k) e-IYA sin{2[kRj + 6,(k)]} e- 2k'aj'

where: X(k) = the oscillatory portion of the fine structure.
k = the wave number of the ejected electron.
R = the average distance between the origin atom and the jth atom.
aj = the rms deviation from Rj, tj.
tj(2k) = the magnitude of the amplitude for back-scattering from the jth atom.
A = a mean free path for inelastic scattering.
N = the number of atoms in the coordination shell corresponding to Rj.
6j = a phase shift, which includes both outgoing and back-scattered wave

components.

This procedure allows the disorder parameter, a, which is a measure of atomic vibrations from
the equilibrium positions, to be determined. The disorder parameter contains both a static and
thermal component. The static disorder arises from a spread of average distances of the jth shell. Any
change in ,2 with temperature is due to thermal disorder changes. Therefore, for an isolated shell
at two temperatures, T1 and T2, one can obtain:

In Xr,(k) 2k2 LU11T2_ TT22]
XT2 (k)

assuming that other quantities are equivalent forT 1 and T2 which is a good approximation. By plotting
ln(XT/XT0) versus k2 for a series of temperatures, a plot of a2 as a function of temperature can be

obtained and the slope of Au2/AT can be determined. Additionally, in a rough approximation, the
height of an isolated transform peak varies inversely with a, so that qualitative information on
changes in a between samples may be deduced from the transform directly.

37



For a classical oscillator where k is a spring constant and < u2 > a mean square displacement,
the average potential energy is:

1 u
V=-1 k < u2>

2

For higher temperatures, where the equipartition energy theorem is valid, one vibrational degree of
freedom contributes kBT to the thermal energy; and therefore, if one assumes independent
oscillators (Einstein model), one obtains:

1 k < u 2 > "kBT
2 2

where kB is Boltzmann's constant. It follows that:

A<u 2 > 1

AT k

o2 from EXAFS is closely related to < u2 > and so if the local bond stiffness is represented by
an equivalent spring constant, it is obvious that Ao2/AT obtained from EXAFS can be considered
inversely proportional to the iocal atomic bond stiffness, if the AT values are near room temperature.
With more sophisticated forms of data analysis, such as fitting the EXAFS and using phase corrected
transforms (Reference 32), the disorder parameters of the first, second, and third shells can be deter-
mined. The atomic vibrations for p phase structures were further analyzed to obtain an expression
for < u2 > which does not depend on the Einstein model. This more exact expression shows that tran-
sition metal-aluminum vibrations contribute to a different portion of the phonon spectrum than do
transition metal-transition metal vibrations. This point is further discussed below.

A plot of 02 versus temperature is approximately linear near room temperature, but the curve
bends so as to approach a constant value at very low temperatures, for which one approaches the zero
point vibration condition. (See Figure 85 for plots of a' versus temperature obtained for transmission
powders of CoAl, using a CoSi 2 standard.) Some of our data are taken for the linear portion of the
a2 versus T curve using several different temperatures and samples which are foils made from
powders, and other data are taken at room temperature versus liquid nitrogen temperature on solid
samples. Since liquid nitrogen temperature is near the zero point vibration portion of the 02 versus
T curve, we do not directly compare data taken by the two methods, although changes in the AT/Ao2

values between different samples, using data taken by the same method, are significant.

X-ray Absorption Near Edge Spectroscopy (XANES) can be considered part of high resolution
EXAFS, but for near threshold energies. The most common use of XANES spectra is to obtain infor-
mation on electronic structure. By studying the XANES spectra as a function of alloy compositions,
insight into the nature of the atomic bonding can be obtained.
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6.2 ALLOYS FOR EXAFS STUDIES

To facilitate the initial study of atomic bonding characteristics in B2 compounds, EXAFS and
XANES experiments were conducted on a set of well-ordered equiatomic binary alloys NiAI, CoAl,
FeAI, FeCo, and CuZn. This selection featured compounds with extremes in ordering energy and
ductility. The transition metal (TM) aluminides are ordered up to their respective melting tempera-
tures, while FeCo and CuZn undergo an order-disorder transformation prior to melting. CuZn is
ductile, while FeCo and the equiatomic TM aluminides are all brittle at ambient temperatures.

6.3 DEVELOPMENT OF THE LOW EXIT ANGLE METHOD OF MEASURING EXAFS

Mi,-h of the effort spent on this contract was devoted to overcoming problems associated with
the standard method of obtaining EXAFS by transmission, for which sample foils made of several
layers of finely ground powder are required. NiAI and CoAl disorder upon cold working, and difficulty
was found in producing transmission samples that were simultaneously well ordered, uniform, suffi-
ciently thin to avoid thickness effects, and sufficiently free of surface oxides. Electron yield methods
have recently been developed for studying EXAFS of bulk materials, and one possibility might have
been to construct a device for measuring temperature dependent electron yield EXAFS. Such a tech-
nique may be overly surface sensitive, however, and difficult to apply at low temperatures. By using
a normal incidence, glancing angle detection mode of measuring EXAFS by fluorescence, the
experimental distortion, usually present in fluorescence EXAFS measurements of concentrated
elements, could be largely eliminated.

Ordinarily, a bulk sample appears infinitely thick to an incident X-ray beam. All incident X-rays
are absorbed and no fine structure appears in the fluorescence spectrum, for the emitted fluorescence
spectrum lies below the absorption edge and the fine structure is not seen. However, the average pene-
tration depth before absorption of the X-ray photons differs and the emitted fluorescence photons
can have slightly different absorption probabilities. The absorption probability near the surface can
be decreased by using an X-ray beam of normal incidence, which maximizes the penetration depth
of the incident photon. Further, the escape depth of the emitted fluorescence is minimized by using
a very small exit angle. By utilizing such a geometry, fine structure can be observed and EXAFS
spectra can be obtained.

The standard geometry for fluorescence detection of EXAFS from a bulk sample, which is used
successfully for detection of dilute species, is shown in Figure 86a. With this geometry, however, no
fine structure is detected in EXAFS of major species in bulk samples because of the large amount
of absorption of the X-rays, even near the surface. On the other hand, the new geometry (Figure 86b),
with the incident beam normal to the surface of the specimen and a very small exit angle, has proven
to work very well for collecting EXAFS of major species in bulk samples. By this method, some of
the signal is lost because of noise, but with bulk samples the signal is large to start with. Data from
the new method were verified by comparing them with data from transmission EXAFS of ductile
copper foils. The data were identical, and the new procedure was adopted for all subsequent studies.
Our initial development of this detector geometry, described in Reference 33, was limited to room and
liquid nitrogen temperatures. An improved version has been constructed in cooperation with the
National Institute of Science and Technology. The new apparatus improves the signal to noise ratio
by using an annular photodiode detector array which eventually will be used with a displex refrigerator
system to measure EXAFS at a wide range of temperatures on solid specimens.
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6.4 RESULTS AND DISCUSSION

6.4.1 Stoichiometric B2 Alloys

Results were obtained at both room and liquid nitrogen temperatures on bulk ingots of NiAl,
CoAl, and FeAl. These ingots had been given long homogenization anneals, were mechanically
polished flat and then were given a final electropolish to remove any mechanical strain. (Previous
studies by transmission EXAFS on powder samples had revealed that mechanical strain results in
considerable site disorder in these samples. The problem is particularly acute for powders of FeAl.)
EXAFS parameters for the three nearest atomic shells were determined, using a CoSiz standard sam-
ple. For CoAl and NiAI, numerous self-consistency checks insured the parameters obtained to be
quite reliable. For FeAl, we find surprising evidence that may indicate disorder even in annealed speci-
mens.

The k3 weighted Fourier transforms of the EXAFS x functions of CoAl and NiAl are shown
in Figure 87. The heights of the peaks in the transforms may be compared directly because of the simi-
larity in the backscattering amplitudes of Co and Ni. (Of course, this is also true for the peaks due
to Al backscatterers.) The figure shows that the disorder in CoAl is significantly less than in NiAl
at each temperature. However, this disorder has a negligible effect on the temperature dependence.
It is also apparent that the temperature dependence of the EXAFS in the two materials is quite
different. The results of the analysis are listed in Table 36. The numbers agree with the qualitative
picture obtained from examination of Figure 87, and indicate that the temperature dependence of the
first coordination shell is similar in the two materials, while the temperature dependencies of the
second and third shells in NiAI are much stronger. The stronger temperature dependencies of the
second and third shells in NiAI indicate more excitation of lattice vibrations, and theicfore lowel
phonon frequencies as compared to CoAl. This is consistent with stronger intef atomic forces in CoAl
(a larger "spring constant" produces higher characteristic frequencies). Other evidence, such as that
obtained from Young's modulus measurements, is consistent with our result that the CoAl is a "stiffer"
material than NiAI. However, our experiment is the first to show that the enhanced stiffness of CoAl
relative to NiA1 comes from the TM-TM bonds (second or third neighbor to a TM absorber) rather
than the TM-Al (first neighbor) bonds. These results are especially interesting when one considers
that the cohesive energies of CoAl and NiA1 are very similar, with the CoAl cohesive energy being
slightly less than that of NiA1, despite the much stiffer TM-TM bonding in CoAl. We point out that
the first coordination shell is sensitive to a somewhat different range of phonon frequencies compared
to the second and third shells. For instance, o2 between an absorber and an equivalent atom (which
is the case for the second and third shells in these materials) is insensitive to lattice vibrations near
the center of the Brillouin zone (k-+0) because in these vibrations the atoms move nearly in-phase.
This will not be the case when the backscatterer is the nonequivalent near-neighbor (as in the first

hell here), since it may be expected that there are optical modes in which the two atoms vibrate out-
of-phase, as in the simple diatomic chain, in which near-neighbors vibrate exactly out-of-phase for
k = 0. The similarity of the temperature dependence of the first shell EXAFS in NiAI and CoAl indi-
cates that the portion of the phonon spectrum to which the first shell is most sensitive is similar in
the two materials.

Anomolous phonon frequencies may also have an effect. NiAI has been shown to exhibit
anomously low phonon frequencies in the TA [110] phonon branch. Others have speculated that
precursor martensitic phenomena in NiAI are due to special characteristics of the NiAI Fermi surface
as deduced from the calculations of Connally and Johnson (Reference 34). Maller, et al., have calcu-
lated the local partial density of states (DOS) for NiAI and CoAl (Reference 35). Although the Fermi
surfaces or energy bands are not shown, a comparison of the DOS indicates a rigid band behavior
when going from NiA to CoAl, with the CoAl Fermi level closer to the bottom of the band and
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intersecting quite different DOS features than does the Fermi level of NiA. Therefore, if Fermi surface
features are indeed important to the vibrational behavior of NiA, it would be reasonable that quite
different vibrational behavior between CoAl and NiAl, such as we have found, could be associated
with pronounced differences in the Fermi surfaces of the two materials.

Since the third shell is isolatable in the Fourier transform for the p phase alloys, one may use
the In ratio technique to determine the temperature dependence of (2. The In ratio technique should
yield results that are less sensitive to static disorder (as occur in powdered samples) than are results
based on fitting all three shells to theory. Therefore, such results on third shell bonds, as listed in Table
37, can be used to estimate the relative bond stiffness even though these data were obtained on trans-
mission samples. Since the data in Table 37 were obtained using a displex unit operated at several
temperatures, we were able to obtain AT/Ao 2 from the linear portion of the u2 versus temperature
curve. The values of AT/Ao9 so obtained will be greater than AT/Aa9 obtained between room and
liquid nitrogen temperature only, for bulk samples. The ratio of the AT/Ao (3000 K versus 77°K)
values for NiAI versus CoAl obtained on bulk, annealed samples is close to the ratio of AT/Ao 2 for
NiAl versus CoAl listed in Table 37. We note that the Zn-Zn bonds in p brass are much softer than
bonds in the other materials, in agreement with expectations.

6.4.2 Effect of Stoichiometry and Alloying Additions on NiAI

EXAFS spectra were obtained from samples of NiAI of varying stoichiometries and with ternary
Cr additions. When one compares EXAFS spectra from Ni-43A1 with Ni-50AI (Figure 88), it is
evident that the excess Ni results in a lowering of all the peak heights, indicative of structural disorder
in the material. On the other hand, Cr additions have a much more specific effect. Comparing the
Ni-edges in Ni-50A and in Ni-42A1-6Cr (Figures 89a and 89b, respectively) shows that the addition
of Cr reduces the first nearest-neighbor bond stiffness of NiAl and leaves the second nearest-
neighbor bond strength essentially unchanged. Recall that Cr additions have been found to modify
the room temperature slip behavior of NiAl (References 1 and 6) from a slip vector of < 001 > to
< 111 >. The reduction of the Ni-Al first neighbor bond can now be identified as the likely cause of
the change in slip system. EXAFS also shows that the Cr atoms in the Ni-42AI-6Cr alloy occupy Al
sites, for the Cr edge in the alloy (Figure 89c) appears much different from the Ni edge in the same
alloy (Figure 89b). If the Cr atoms were on Ni sites, the spectra would appear similar.

6.4.3 Annealed Versus Cold-Worked FeAI

It became evident from earlier results that FeAI readily disordered when ground into powder
which made analysis of the EXAFS data difficult. Results on the FeAl show a marked increase in
amplitude of the annealed specimen EXAFS spectrum over the unannealed result (Figure 90).
However, the shape of the electron yield spectrum of FeAl remained unchanged. The low amplitude
of the FeAl spectrum in the cold-worked case seems to be due to a disordering (i.e., randomness in
lattice site occupancy) of the material as it was ground into powder. However, a similar comparison
of annealed and unannealed spectra of CoAl showed little difference between them, indicating a
stronger bonding in CoAl, making it harder to disorder. Data on the slow cooled, ordered FeCo and
quenched, disordered FeCo show similar changes as in FeAI.

6.4.4 XANES of NiAl, CoAl and FeAi

XANES spectra on NiAI, CoAl and FeAl alloys were obtained using the Electron Energy-Loss
Spectroscopy (EELS) at Argonne National Labs and are shown in Figure 91. A splitting of the transi-
tion metal L3 and L2 edge white lines systematically becomes more pronounced as one goes from FeAI
to CoAl to NiAI, consistent with a filling of the third band as one adds electrons across the series

41



(References 35 and 36). In addition, it appears that the effect of the Al in CoAl is to increase the Co
occupied states. This same effect is not seen in either the NiAl or the FeA. The indication is that CoAl
may have more charge transfer to TM sites as compared to the NiAI or FeAl. While preparing the
samples for the XANES, we found that the FeAl is readily disordered. This fact may cause the FeAI
data to be slightly inaccurate.
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7. COMPUTER SIMULATION STUDY

7.1 INTRODUCTION

Computer simulations were used to study the deformation characteristics of binary 50-50 NiAl.
The Embedded Atom Method (EAM) was chosen for the simulations for its flexibility and ease of
use. Most computer simulation approaches have certain limitations and are therefore not suitable for
a wide variety of applications. For example, pair-potential methods use volume-dependent energy
to describe the elastic behavior of a material (Reference 37). Therefore, the volume must be known
precisely for accurate calculations, which causes problems with simulations of surfaces and defects.
Further, pair-potentials cannot be applied to chemically active impurities.

On the other hand, the EAM, as described in great detail by Daw and Baskes (Reference 37),
views each atom as an impurity atom embedded within a "host" consisting of all other atoms. It is
electron density dependent, rather than volume dependent, so that it can be applied to a variety of
simulations, including alloying additions, surfaces, cracks, and chemically active impurities. Further,
it is not much more difficult to apply than most pair-potential methods.

Since the EAM considers each atom an impurity within a host of other atoms, a total energy
can be calculated,

E10, = >i Fi (Qh,i)

where Fi is the embedding energy and Q, the density of the host at the given site, but without atom
i. However, this equation assumes complete uniformity, while neglecting core-core repulsions which
lead to unrealistic results. The former is addressed by using a density averaged over a finite region,
as follows:

n
07 = IZ Q(rij)

A P i)

where r,, is the distance between atoms i and]. The core-core repulsions are corrected for by assuming
a short-range pair-wise repulsion between the atomic cores, . The EAM equation becomes:

n
n .

E1 = F(i) + •. ij (rij)
2 i~j

(i Pj)

If alloys are formed, the embedding function, F, must be known for each element as well as the
pair potential, 0, for each type of atomic pair. For example, in the Ni-Al system, pair potentials must
be developed for Ni-Ni, Al-Al and Ni-Al pairs. The elemental values for F and 0 are determined
from properties of the pure metals. However, the interactions between the unlike atomic species must
be determined. In many instances, the repulsive pair potential is of the form:

qOir) = Z,(r) Z,(r)/r

where Z represents the effective charge of the given atomic species. Selected physical constants are
used to fit the functions Fand Z for each element. These constants include lattice parameters, elastic
constants, vacancy formation energy, cohesive energy, and anti-phase boundary energy. In the B2
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NiAl simulations, the functions were derived from fitting mostly to Ni3A1 properties. The only B2 NiAl

properties used to develop the potentials were lattice parameter and cohesive energy.

7.2 COMPUTER MODELING AND SIMULATION RESULTS

The Embedded Atom Method (EAM), as described in References 37 through 43, was applied
to the case of 50-50 ordered (B2) NiAl. The EAM has the advantage over other methods, e.g., the
semi-empirical approach of Maeda, et al. (Reference 44) by incorporating a number of theoretical
inputs which allow the construction of potentials for each chemical type of interatomic pair from
experimental data for the pure species and one binary alloy composition. This immediately gives the
advantage in the case of 50-50 NiAI, say, to treat it as an ordered alloy or as a disordered alloy if one
prefers. It also facilitated fine tuning the interatomic potentials via input from the EXAFS results as
they became available.

7.2.1 Physical Property Calculations

7.2.1.1 Lattice Energy

It is known that certain NiA1 alloys undergo a martensitic transformation at low temperatures.
The EAM simulation revealed quite an interesting feature while recording the lattice energy as a func-
tion of Bain strain in testing for this type of lattice instability. The Bain strain is an expansion of the
< 001 > cubic axis while simultaneously compressing the < 100 > and < 010 > axes equally while
maintaining constant volume. This strain will homogeneously deform an ordered bee crystal into an
ordered fcc crystal if carried far enough. The result is shown in Figure 92 and the ideal bcc and fee
positions are marked on the horizontal axis. The fcc lattice energy is known to be higher than the bcc
energy, but the energy minimum actually occurs for a tetragonally distorted ordered bct lattice (also
marked) which has been calculated to have a c/a ratio of about 1.30. The martensitic phase which is
known to form in the NiAI fl phase field from 30 to 40 atom percent Al is also ordered bet and is
found to have a c/a of approximately 1.25 (References 14, 45 and 46). The ideal fee may be regarded
as bct with a c/a of 1.414. It can be concluded that the EAM predicts that the martensitic bet phase
should be the lowest energy phase at 50 atom percent Al at very low temperatures. The data that exist
indicate that the Ms temperature at 30 atom percent Al is about 600K; and by 40 atom percent Al,
it is below 100K (Reference 46). Thus, the EAM prediction may be close to reality.

7.2.1.2 Surface Energies

Simulations were also performed to allow the calculation of the surface energy for purely brittle
fracture, y (usually thought of in terms of 2y ), as a function of temperature. For a { 100} surface orien-
tation, it was found that y = 0.92 J/m 2 at 1K, 10K, and 100K, but at 1000K it rises to a value in excess
of 1.2 J/m2. On careful examination it appears that, at this higher temperature, the free surface is
undergoing some type of reconstruction, probably analogous to that which has been recently deter-
mined for {110} surfaces in NiAl by J. Noonan and H. Davis at ORNL using LEEDS measurements.

Additional surface energy determinations were made for NiAI, and also for pure fcc Ni to be
used as a baseline for comparison. The results of these surface energy calculations are shown in Figure
93. For comparison, experimental (001) surface energy values for Ni can be found in the literature.
Maiya and Blakely (Reference 47) report a value of 1.8 J/m2 _+ 10% for the (100) orientation at about
1500K. Our results, if linearly extrapolated to that temperature, give about 2.0 J/m2, in fairly
satisfactory agreement. Hayward and Greenough (Reference 48) measured a value of 1.85 J/m 2 + 10%
at about 1525K, but their measurement, being by the zero creep method, waw an average over orienta-
tions. For beta NiA1, the surface energy predictions were judged to be accur .e within 10 to 20%, based
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on the Ni comparison. Note that all orientations show an increase with increasing temperature, and
that the (100) orientation is substantially lower in value than the other orientations. This would provide
some basis for a prediction that (100) should be a preferred fracture plane in transgranular cleavage.
There are, as yet, no experimental measurements for NiAl available with which to compare these
results, to the best of our knowledge (References 49 and 50). However, these results may stimulate
some experiments.

7.2.1.3 Anti-Phase Boundary Energies

Anti-phase boundary (APB) energies for NiAl were determined by utilizing approximately
equiaxed arrays of about 1000 atoms, inserting APBs of the desired orientation, and comparing equili-
brated total energies to the same array without APBs. The results are shown in Figure 94. Periodic
boundary conditions were invoked in all three directions, thus mandating APB pairs in each case. Note
that their energies are substantially below that of the free surfaces as expected. The {112} APB energy
shows a definite decrease with increasing temperature, in opposition to the trend of the surface
energies. The {110} APB energy shows mixed behavior. Both APBs show systematic atomic shifts
across the boundary, at least at low temperature (Figure 95). In the { 110} APB at 1K, the atoms above
the APB shift to the right and the Al atoms move slightly away from the boundary whereas the Ni
atoms move toward the APB. The diagrammed movements are drawn at 4X the actual movements
for visibility. The {112} APB at 1K also shows systematic displacements, although they are more com-
plicated and not as large (actual displacements are 1/16th those shown) as for the {110} APB. To the
best of our knowledge, no experimental data exist to compare with these predictions. These simula-
tions should provide a useful basis for predicting the separation of super-dislocation pairs and also
the hypothetical disordering temperature of NiAl. However, at this time, no predictions of this kind
have been made.

7.2.1.4 Melting Points

Melting point determination for Ni and NiAl were also made using the Embedded Atom Method
(EAM) potentials and the results are shown in Figure 96. The melting point of Ni was determined
in the simulations by several methods, all giving very similar results. The method shown here involves
finding the discontinuity in energy of the array as a function of temperature. This discontinuity occurs
at about 1570K in these simulations. This value is about 10% lower than the true value of 1728K, but
it is nevertheless a very difficult and sensitive test for any interatomic potential, which was the main
point of the exercise. A similar determination for NiAI yields a value again of about 1570K, which
is well below the known value of 1911K by 18%, rather worse than for pure Ni, but not surprising since
the EAM potential as constructed by Voter and Chen (References 38 through 42) used much more
data from pure Ni than from beta NiAI.

7.2.2 Simulation of Crack Propagation

EAM simulations were performed on an ordered NiAl lattice containing a crack to study the
deformation and crack propagation characteristics. Arrays of 1000, 4000, and 9000 atoms were studied
in various orientations and crack morphologies under constant load and constant strain rate
conditions.

7.2.2.1 1000 Atom Array Results

Initially, an array consisting of alternating (010) layers of Ni and Al with a side crack was simu-
lated using a constant force applied in the < 001 > direction (Figure 97). In the first simulation trials,
the externally applied force was too large and was applied too rapidly, so that the outer layer of atoms
was torn off the crystal and the more internal atoms were relatively unaffected. The simulations were
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subsequently altered so that the for-e was applied more gradually in order to yield more ph)scally
realistic results. A stress of 1250 MPa was applied to the array for Steps 0 through 1000 and increased
to 5000 MPa for Steps 1000 t -rough 3000. Forty steps is the equivalnt of one atomic,, ibration period
(10- 13 seconds).

Figure 98 represents the simulation array at 1OK at ,,arious simulation steps Some rebonding
of atoms after bond breaking can be seen to have occurred in the vicinity of the crack tip in some of
the later simulation steps. This rebonding probably provided additional resistance to crack propaga-
tion through the material. In the 300K simulation (Figure 99) similar rebonding of atoms after bond
breaking at the crack tip was observed- however., the rebonding occurred at a much earlier point in
the simulation. The greater tendency for rebonding at this higher temperature was expected, for the
atomic mobility is greater. At 1000K (Figure 100), a noticeable rounding of the crack tip occurred very
early on in the simulation and continued throughout the deformation process. By Step 800 significant
atomic reariangements at the crack tip had already begun to occur and Step 1000 showed a large
degree of the bond breaking and rebonding behavior seen in the lower-temperature simulations. In
Step 2000, very large atomic displacements were seen. These continued to increase until in Step 3000
we saw significant elongation and necking in the array prior to fracture.

Apparently, short-range diffusion was very active as part of the response to the applied stress
and contributed greatly to the plastic response of the alloy at this temperature. This may be an impor-
tant factor in attempts to lower the ductile-britt!e transition temperature (DBTT) of the alloy, i.e.
pcrhaps elements should be added vhich promote the diffusion of the major species, or themselves
are rapid diffusers. From thtse data. a rough estimate of the DBTT of NiAl was obtained. Tle marked
difference in the deformation behavior from 300K to 1000K indicates that the DBTT falls somewhere
within that range.

An interesting result is shown in the simulation at 1K (Figure 101), which shows evidence of slip
occurring in the simuiation array. The outermost (001) planes appear to be slipping -downward- by
one layer in the array. However, it is not possible from this orientation to determine the specific slip
system(s) at work.

A sezond set of simulations of crack propagation in the N AI lattice at various temperatures was
instituted with the stress direction changed to < 112> and the direction of the clack to < 111>. This
resulted iri a large resolved shear stress on { 110} planes in a < 001 > direction designed to make dislo-
cation generation at the crack tip a much easier process than in the previous or-ntation. Results at
100K using applied stresses of 1250 and 5000 MPa are shown in Figures 102 through 106.

The initial starting array of the 1250 MPa simulation is shown in Figure 100. 7e load was applied
to the top and bottom layers at Step 0. At Step 400 (Figure 103), only elastic distortions were apparent.
(Note: The array layers for Steps 400, 800, and 1400 are presented in a different configuration for ease
of presentation only.) At Step 800 (Figure 104), some sort of dislocation appeared to have propagated
as could be seen by the jog which started to appear in the lower left corner of some of the slices. After
1400 steps (Figuie 105), several new dislocations were generated and had propagated to the outer
surfaces as evidenced by the new jogs on the upper right-hand side and on the lower right.

The simulation shown in Figure 106 is similar to the one previously described, with the exception
that the load imp ,sed at the start was increased fourfold to 5000 MPa. As seen in Figure 106 in Steps
400 and 1009, an important difference appeared in the plastic response of the array, namely slip
produced by the coordinated movement of atoms (or possibly twinning) became the dominant
process, and no dislocation generation was observed to occur. The slip (or twinning) appeared to be
on (110) planes in a < 001 > direction in the lower portion of the array and on (112) planes in a < 111 >
direction in the upper portion of the array. Apparently, although the activation energy for nucleation
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of slip by coordinated atomic mtmrent (or twuming) is higber than that for dislocations. the
propagaiom speed of slip is also sbtanhill higher and so will win out on a kinetics basis owe this
mode is activated_ iVs is anquestionably an important result to bear in mind under shock loading
condizions such as in the earlier simulations-

7.2.2.2 40f Atom Array Rlesvts

Since it is the dislocation process that is of primary interest in these studies, the array size was
inc.casscd to bring the coordinated slip activation energy up to more realistic levels relative to the dislo-
cation generation energy- The increased size of the array required adapting the simulation for use with
the Cram supercomputer at Wright-Patterson Air Force Base. A number of programming and design
changes ,ere found necessary to accommodate &x. approximately 4000 atoms in the new simulations
and much of the eary work focused on debugging the larger array simulations.

The first test runs (Figure 107) were begun with a stress of 2500 MPa applied in the < 112>
direction- However, after 1500 simulation steps (40 steps = 1 atomic vibration period only elastic
strains were apparent and the .'ress was increased to 3750 MPa to encourage the onset of plastic
processes- By Step 200D. a plastic event appeared to have occurred in the array. Either a dislocation
nucleated at a point on the surface and ran through the array or cooperative slip occurred. Similar
events on a larger scale continued to occur through Step 2700, with the apparent activation of some
slip systems oblique to the plane of the simulation as well.

Subsequent work concentrated on making the large array simulations more representative of
macroscopic sample sizes. The first step in this direction was to try the effects of constant strain rate
loading. This was accomplished by rigidly "moving" th.e top and bottom layers apart at some fixed
velocity, and had the advantage of eliminating the top and bottom layers as free surfaces also. The
second step was to eliminate the free surfaces at the left and right faces by movigg the crack into the
center of the array and then applying periodic boundary conditions between left and right faces.

Figure 108 shows the larger (4000 atoms) < 112> array with the crack at the center, periodic
boundary conditions at the left and right surfaces and constant strain rate loading. Figure 109 gives
the lattice energy for this run, and the fracture that is becoming evident in Figure 108d is the cause
of the lattice energy topping off and beginning to drop by Step 2000.

Center crack, constant strain rate studies were performed on two different array orientations
(<100>, <010>, <001> and <11-1>, <112>, <1-10>)with 4000 atom arrays. Figures 110
through 112 show time sequences for the first orientation at 100, 300, and 800K, respectively. At 100K
(Figure 110), atoms began moving after 1500 steps and an edge dislocation appears to have nucleated
at about Step 3500 in the upper part of the crack, as evident by an extra half plane of atoms in the
upper portion of the array. By Step 6000, extensive dislocation activity was apparent. At 300K (Figure
111), dislocations were first seen at Step 5000, where numerous atoms had shifted in and out of the
plane of the simulation shown. Extensive activity was seen by Step 6000 and the crack appeared to
be propagating from the lower right-hand corner. In this, the "hard" orientation for NiAI, the crack
propagation occurred in the plane of maximum shear stress rather than maximum tensile stress. In
the 800K simulation (Figure 112), there appeared to be atomic movements and surface diffusion
occurring at earlier steps, but it was riot until Step 6000 that any dislocations were noted (in the upper
part of the array).

Figure 113 compares the arrays at all three temperatures at Step 8000. Note that there appears
to be extensive dislocation activity and crack propagation in the 100 and 300K arrays; but in the 800K
array, all that has occurred is an enlargement of the crack/hole. One can deduce from this that the
ductile-brittle transition of the material must occur between 300 and 800K. The potential energy of
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the army as a function of time step is plotted in Figure 114. The changes in slope of the curves,
espedaly as seen for the 300K simulation, appear to correspond to the nucleation of dislocations in
the matrial. Recall that the first dislocation was observed in the 300K simulation at about 5000 steps,
and a large "ill" occurs in the potential energy curve at 4900 steps. The other "hill" that occurs at
about Step 2400 corresponds to the breaking of several bonds in the vicinity of the crack tip. Similar
behavior is observed in the 100 and 800K simulations. A correlation may exist between the area under
the lhill" and the activation energy for the formation of dislocations and/or the propagation of a crack
via the breaking of bonds. However, it is impossible to quantify such a relationship at this time.

Figure 115 shows a simulation using the (< 11-1 >, < 112 >, < 1-10 >) orientation at 100K A
constant strain rate as applied in the <112> direction. The response of the arraywas much different
from that of the previous orientation at the same temperature. Plastic deformation of some complexity
is already evident by 1000 steps. Figure 116 is a side view of the same array at Step 1000. A large
cooperative shear is shown at 45 degrees to the strain axis. This is especially pronounced to the left
of the crack plane in the side view and is the result of a < 1-10> (110) shear type lattice instability
momentarily induced by the tensile strain. Such instabilities are well known in the field of martcasutic
transformations, and the relevance here is that the resistance t3 this type of instability in bcc crystals
comes from the Cll-C12 shear elastic constant, which is known to be low (relative to C44) in NiA
and is probably related to the occurrence of a martensitic transformation in Ni-rich NiAI. Further,
C1-Cl2will be reduced as (110) planes are pulled apart, such as occurs in our high strain rate simula-
tions. This may be sufficient to momentarily trigger this type of cooperative shear instability in this
orientation. In the later time steps, the fracture mode indicates that short range diffusion and reattach-
ment occurs near the crack tip, undoubtedly increasing the work necessary for fracture. The fracture
plane is seen to be (112) or perhaps (111).

7.2.2.3 9000 Atom Array Results

The array size was increased to 9000 atoms in order to reduce the possibility of significant intcr-
actions between the strain fields of the crack and its periodic images. In addition, a new set of
programs was instituted for determination of the strain distributions, determination of energy changes
near the crack tip, and recognition of dislocations in the array. The latter involves a new strategy which
represents a major improvement over previous methods in that it does not require any prior knowledge
of where the dislocations might be, and it is quite efficient in terms of computer time. Discussions
with Murray Baskes of Sandia National Laboratories revealed that the strategy used by his group
involved running Burgers circuits around regions believed to contain dislocations. This method often
missed dislocations, required constant human intuition, and also was fairly expensive in terms of
computer time. The new strategy is, to our knowledge, the only currently existing algorithm for finding
dislocations in simulation arrays and determining their Burgers vectors.

The new strategy is based on the observation that the strain gradient fun *on becomes a
maximum as the slip plane of a dislocation loop is approached from a direction norn~al to the plane,
and then changes sign as one passes through the plane. The difference in the strain gradient on either
side of the slip plane is directly proportional to the Burgers vector of the dislocation. Furthermore,
the strain gradient will have very small values everywhere in the lattice except near a dislocation slip
plane or other major discontintity. As a result, by plotting the strain gradient, the position of disloca-
tion loops becomes readily apparent, without any prior assumptions or guesswork on the part of the
investigator.

A simulation was performed at 300K using the new array size of 9000 atoms and the new disloca-
tion recognition strategy, and results are shown in Figures 117 through 119. Figure 117 shows the
displacement field of the array after 2000 steps with respect to the initial starting positions of the
atoms. Figure 118 shows the corresponding strain field and Figure 119 the strain gradient field. In
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Figure 119, the dislocation loops have been marked for easy recognition. Recall that the simulation
arrays were created with periodic Lbundary conditions on the left and right faces and so the disloca-
tion loop that ends at the left side continues into the array from the right side where it eventually ends.

Dislocation generation at the crack surfaces is clearly seen, but some spontaneous dislocation
creation is also occurring in the lattice away from the crack tip. These loops often self-annihilate at
later times as the strain distribution continues to change, but the crack-initiated dislocations are
generally permanent and propagate outwards from the crack.

A new set of programs was also instituted to determine the energy changes near the crack tip.
The energy change measurements were done by having the computer continuously monitor the poten-
tial energy of a small number of atoms all within several atom distances of the crack tip on the right
side of the array, and separately, a small group on the left side. This technique provided much finer
resolution of the events occurring in the immediate vicinity of the crack tip such as dislocation
nucleation or bond breaking. The difference is quite evident in comparing Figure 120a, which shows
the potential energy of the total 9000 atom array under constant strain conditions, and Figure 120b,
which shows the potential energy of just a few hundred atoms at either side of the crack. Fairly good
correlation has been seen between the energy peaks in Figure 120b and the time when either disloca-
tions are first formed in these regions, or just before additional bonds are broken. As a result, the
activation energies for dislocation generation and for crack propagation may eventually be
measurable with some degree of accuracy. If so, this would provide essential numbers for estimating
the plastic work, yp. When Vp is added to the surface energy, 2y, one can get the total work of
propagating a crack and thus a direct measure of the toughness of the material.
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8. CONCLUSIONS

8.1 ALLOY DEVELOPMENT

This program was conducted with the intention of developing NiAl-base alloys with properties
suitable for use as a turbine disk material. The program emphasized overcoming the room tempera-
ture brittleness problem as well as enhancing the high-temperature strength and creep resistance. The
former goal was addressed primarily through alloying to change the ordering energy and thus modify
the room temperature slip behavior and through the use of a variety of martensitic transformation
mechanisms. The latter goals were addressed through both ternary and quaternary alloying
approaches, including solid-solution precipitation and martensitic strengthening mechanisms.
Significant progress was made in this program with respect to improvements in the room temperature
ductility and fracture toughness. However, an acceptable combination of low-temperature ductility/
fracture resistance and high-temperature strength and creep resistance has not yet been achieved.
Further development is needed in order to overcome the remaining deficiencies. The main areas of
progress in this program can be summarized as follows:

• Cr and Co additions to NiAl modify the slip behavior and enhance < 111> slip
with respect to < 001> slip. However, the modified alloys are still brittle at room
temperature, indicating that the presence of sufficient slip systems does not
guarantee ductility.

" Fe-modified NiAl alloys exhibit unusual tensile elongation versus temperature
behavior similar to that seen in binary FeAI alloys.

" The operation of martensitic transformation mechanisms in Co-modified NiAI
alloys resulted in enhanced room temperature ductility (up to 2.2%) and fracture
toughness (up to 33.3 MPam ). The enhanced properties were controlled by a
variety of mechanisms, including:

- A stress-induced parent-to-martensite transformation.
- The rearrangement, under an applied stress/strain, of fine twin lamellae

within the existing martensitic variants.

- The nucleation of alternate martensitic variants under stress.

0 Ternary additions to NiAI strengthen via:

- The precipitation of fine gamma prime (V).

- Heusler precipitates (with 10 a/o Ti).

- The presence of a high-Co (Ni,Co)AI B2 phase (Co).

- The presence of extremely fine twin lamellae in the martensitic structure
(Co).

" The quaternary elements Hf and Ti were added to selected tough NiAICo alloys
to improve the strength and creep resistance with the following results:

- 0.51 a/o Hf additions improve the strength and creep resistance at high
temperatures.

- 5 a/o Ti additions strengthen at all temperatures via solid-solution
mechanisms.

- Both Ti and Hf additions reduce the room temperature ductility and
fracture toughness considerably.
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The addition of chopped PRD-166 fibers to Ni-29 a/o AI-21 a/o Co in Phase
III improves the strength, stiffness and LCF life, but degrades the room tempera-
ture ductility and fracture toughness and high-temperature creep resistance. The
lower ductility and fracture toughness of the composite are attributed to
shortening of the fibers during consolidation and the lower creep resistance to
the finer grain size.

8.2 ATOMIC BONDING STUDIES

EXAFS and XANES studies were performed on selected B2 compounds to determine the
strength and character of the bonding. Important results are summarized as follows:

" A new method was developed for obtaining EXAFS spectra of major species in
bulk samples which provides significant sample preparation advantages over
conventional powder or thin-film methods.

" EXAFS studies of selected B2 compounds revealed:

- The first neighbor bond strengths of NiAI and CoAl are similar while the
second and third nearest neighbor bond strengths are 5 and 6.6 times as
strong, respectively, in CoAl as compared to NiAI.

- FeAI is readily disordered by cold-working.

- Cr additions to NiAI alloys reduce the first nearest neighbor bond strength,
but do not affect the second nearest neighbor bond strength.

- Cr additions to NiAI occupy Al sites.

" XANES studies showed that there is more charge transfer from the Al to the
transition metal atoms in CoAl than in either NiAl or FeAl, indicating greater
bond covalency.

8.3 COMPUTER SIMULATION STUDIES

Embedded Atom Method (EAM) simulations were conducted on stoichiometric ordered NiAI
using EAM potentials developed for Ni3AI. Much of the effort was focused on making the simulations
as realistic as possible by using increasingly larger array sizes (up to 9000 atoms), center cracks,
periodic boundary conditions, and constant strain rate loading. Notable results gained from this effort
are as follows:

" Various physical properties were determined for NiAl as a means of checking
the validity of the simulation. All properties were in excellent agreement with
data from the literature where available. The simulated properties included
lattice energy as a function of Bain strain, surface energies for NiAI and Ni,
Anti-Phase Boundaries (APB) and APB energies, and melting points.

" EAM simulations of NiAI lattice deformation and crack propagation at various
temperatures revealed:

- Short-range surface diffusion plays a major role in crack blunting.

- When the lattice was stressed in a < 112> direction, a < 110> (110) shear-
type martensitic lattice instability was observed.

- The potential energy of the lattice experienced local maxima corresponding
to the breaking of bonds and the generation of dislocations.

51



- The fracture plane of NiAI is predicted to be (100).

- The ductile-brittle transition temperature (DBTI) of NiA! is between 300
and 800K.

A new dislocation recognition strategy was created which exploits the unique
characteristics of the strain gradient near a dislocation. This method is superior
to other methods because it does not require any prior knowledge of potential
dislocation sites and is therefore ideal for larger array sizes.
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Table 1. Modified Phase I Alloys

Alloy Nominal Composition (atom percent) Ductilizing Approach

A 35.0 Ni 30.0 Al 35.0 Co Formation of a
B 44.75 Ni 30.0 Al 25.0 Co 0.25 B (NiCo) 3 (Al,Co) Phase

C 50.0 Ni 29.0 Al 21.0 Co | Stress-Induced
D 55.0 Ni 35.0 Al 10.0 Co Martensitic Transformation

E 39.0 Ni 33.0 Al 28.0 Fe 1 Formation of
F 47.0 Ni 33.0 Al 20.0 Fe J(Ni,Fe)(AI,Fe) B2 Phase

G 60.0 Ni 35.0 Al 5.0 V | Change Slip Behavior
H 57.0 Ni 35.0 Al 5.0 V 3.0 Cr J to <111> Type

I 60.0 Ni 35.0 Al 5.0 Ti } Change of Martensite Variants

J 50.0 Ni 40.0 Al 10.0 Ti } Stress-Induced Martensitic Transformation

Table 2. Modified Phase I Cast Alloys

Alloy Composition (atom percent) Ductilizing Approach

A Aim 35.0 Ni 30.0 Al 35.0 Co
Chem.Tnal. 34.0 Ni 29.3 Al 36.7 Co

Formation of (Ni,Co)3(AI,Co) Phase

B Aim 44.75 Ni 30.0 Al 25.0 Co 0.25 B
Chem.Tnal. 45.4 Ni 31.5 Al 23.1 Co

C Aim 50.0 Ni 29.0 Al 21.0 Co
ChemT-Anal. 49.9 Ni 29.3 Al 20.8 Co

Stress-Induced Martensitic
D Aim 55.0 Ni 35.0 Al 10.0 Co Transformation

Chem.Tnal. 54.8 Ni 35.7 Al 9.5 Co

E Aim 39.0 Ni 33.0 Al 28.0 Fe
Chem--Anal. 36.8 Ni 32.6 Al 30.6 Fe

Formation of (Ni,Fe)(Al,Fe)
F Aim 47.0 Ni 33.0 Al 20.0 Fe B2 Phase

Chem-Anal. 46.3 Ni 34.2 Al 19.5 Fe

G Aim 60.0 Ni 35.0 Al 5.0 V
Chem.-Anal. 60.5 Ni 34.4 Al 5.1 V

Change Slip Behavior to <111> Type
H Aim 57.0 Ni 35.0 Al 5.0 V 3.0 Cr

Chem.-nal. 55.8 Ni 35.7 Al 4.9 V 3.6 Cr

I Aim 60.0 Ni 35.0 Al 5.0 Ti " Chaige of Martensite
ChemT-Anal. 59.3 Ni 35.9 Al 4.8 Ti J Variants

J Aim 50.0 Ni 40.0 Al 10.0 Ti ] Stress-Induced
Chem--Anal. 49.9 Ni 40.6 Al 9.9 Ti J Martensitic Transformation
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Table'e3.- Phase i tiD - , s es -

Alloy Density (gram/c 3) Weight Savings (%)

Current Superalloy Disk Materials 8.0 -

Ni-43 a/o Al 6.0 25

Baseline (NiCrAl) 6.2 22

A 7.0 12

B 6.9 13

C 7.1 11

E 6.6 17
F 6.6 17

G 6.6 17

Table 4. Homogenized Cast and Extruded Phase I Alloy Structures

X-Ray Diffraction Results

Nominal Lattice
Composition Parameter

Alloy (atom percent) Phase Structure (nm) Optical/SEM Observations

A 35Ni-30AI-35Co 80% beta NiAl a = 0.285473 NiAI grains with a small
amount of a Co-rich grain

20% fcc Ni boundary phase
solid solution

B 44.75Ni-30AI-25Co-.25B 100% tetragonal a - 0.3847 Martensitic grains with a
c = 0.3158 very small amount of a

Co-rich grain boundary
phase

C 50Ni-29A1-21Co 70-75% tetragonal a = 0.3784 Martensitic grains with a
c = 0.3232 small amount of a

Co-rich grain boundary
30-25% fcc Ni a 0.3587 phase
solid solution

E 39Ni-33Al-28Fe 100% beta NiAl a = 0.288135 Equiaxed grains with
fine, widely dispersed
Fe-rich particles

F 47Ni-33Al-2OFe 100% beta NiAl a = 0.288028 Equiaxed grains with
fine, widely dispersed
Fe-rich particles

G 60Ni-35A1-5V 100% beta NiAl a = 0.287225 Equiaxed grains

H 57Ni-35AI-5V-3Cr 100% beta NiAl a = 0.287802 Equiaxed grains with
widely dispersed Al-poor
particles

J 5ONi-4OAl-1OTi 70-80% ord. fcc a = 0.58088
Heusler Ni2AlTi-type Dendritic with an inter-

dendritic secondary phase
30-20% ord. bcc a = 0.29359
Ni(Ti,Al)
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Table 5. Martensite Transformation Temperatures in Phase I NiAl-Co Alloys

Transformation
Composition (atom percent) Temperatures (°C)

Alloy Ni Co Al B As Af Ms Mf

VIM A 35 35 30 - -70 -55 -25 -50

VIM B 44.75 25 30 0.25 170 215 180 150

VIM C 50 21 29 - 675 695 665*

P/M D 55 10 35 - 270* 165 150

* Only one transformation temperature observed on dilatometer trace in the form of a

change in slope only

Table 6. Electron Microprobe Analysis of Phase I NiAl-Co Alloys

Composition (atom percent)

Alloy Phase* Ni Co Al B Phase Structure

A Bulk 35 35 30
1 34 34 32 (Ni,Co)(Co,Al), B2
2 29 55 16 (Ni,Co)3(A1,Co), L12

B Bulk 44.75 25 30 0.25
1 45 21 34 Ni(Al,Co), LIo
2 36 32 11 21 possibly (Ni,Co)20A13B6**

C Bulk 50 21 29
1 48 21 31 Ni(AI,Co), L1o
2 49 33 18 (Ni,Co)3(Al,Co), L12

* See Figure 20 for identity of phases within the microstructure.

** Boride identity deduced from electron microprobe results.
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Table 7. Tensile' Data of .Phase I VIM Alloys-

Ductility
Heat Treatment Temperature Percent Transition 0.2% Yield

Alloy Condition 0C (F) Elongation Temp. 0C (0F) MPa (ksi)

Cast A As-extruded Room Temp. 1.8 650 (1200) *
540 (1000) 0.3 *
760 (1400) 113.6 93 (14)

Cast A 1050°C/2hr/Air Cool Room Temp. 0.0 650 (1200) *
540 (1000) 1.3 *
760 (1400) 79.4 127 (18)

Cast B As-extruded Room Temp. 0.3 600 (1100) *
540 (1000) 1.2 552 (80)
760 (1400) 172.8 180 (26)

Cast B 1050°C/2hr/Air Cool Room Temp. 0.3 600 (1100) *
540 (1000) 1.3 409 (59)
760 (1400) 105.3 142 (21)

Cast C As-extruded Room Temp. 2.2 600 (1100) 820 (119)
540 (1000) 3.7 625 (91)
760 (1400) 133.0 186 (27)
980 (1800) 191.4 20 (3)

Cast C 1050°C/2hr/Air Cool Room Temp. 1.7 750 (1400) *
540 (1000) 2.3 864 (125)
760 (1400) 19.1 303 (44)
980 (1800) 149.2 28 (4)

Cast D As-extruded Room Temp. 0.0 700 (1300) *

540 (1000) 0.0 *

760 (1400) 190.0 152 (22)

Cast D 1050°C/2hr/Air Cool Room Temp. 0.0 700 (1300) *

540 (1000) 0.0 *
760 (1400) 94.0 95 (14)

Cast E As-extruded Room Temp. 0.0 ++ *

540 (1000) 26.6 342 (50)
760 (1400) 20.7 178 (26)
980 (1800) 38.6 47 (7)
1120 (2050) 118.0 26 (4)

Cast E 1050°C/2hr/Air Cool Room Temp. 0.0 ++ *

540 (1000) 6.7 282 (41)
760 (1400) 5.7 161 (23)
980 (1800) 5.4 53 (8)
1120 (2050) 12.7 15 (2)

Cast F As-extruded Room Temp. 0.0 ++ *

540 (1000) 26.5 370 (54)
760 (1400) 34.4 169 (25)
980 (1800) 96.7 29 (4)

Cast F 1050°C/2hr/Air Cool Room Temp. 0.0 ++ *

540 (1000) 10.0 389 (56)
760 (1400) 10.6 185 (27)
980 (1800) 114.4 25 (4)

= Fractured before yielding

++ = Unusual ductility versus temperature dependence; see text
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Table 7. Tensile Data of Phase I VIM Alloys (contimed)

Alloy Heat Treatmaent Temprature Perceft Ductility O..z Yield
Condition *C (F) Elongation Transition Ira (ksi)

TOW- "C ('F)

Cast G As-extrcded Room Temp. 0.0 600 (1100)
540 (100) 0.0 398 (58)
760 (1400) 129.1 194 (28)
90 (1o) 193.3 35 (5)

Cast H As-extruded Room Tp. 0.0 600 (1100)
540 (10) 0.4 704 (102)
760 (1400) 25.5 220 (32)
980 (18o) 135.5 34 (5)

Cast I As-extruded Room Temp. 0.0 600 (fllO) *

540 (1000 0.7 540 (78)
760 (140,) 55.0 309 (45)

Cast I 1050°C/2hr/Air Cool Room Temp. 0.0 650 (1200)
540 (1000) 0.0 *
760 (1400) 92.5 372 (54)

• = Fractured before yielding
-++ = Unusual ductility versus temperature dependence; see text
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Table 8. Tensile Wita of Phase I oide Alloys

Fracture
Seat Treatmerm Tewerature Percent Strength 0.2% Yield

Ailcy Condition C (°F) Elongation Wa (ksi) Ma (ksi)

P/H A As-extruded Room Temp. 0.0 791 (115) *

Sao (1000) 24.8 905 (131) 794 (115)
(1400) 25.7 99 (14) 131 (19)

e (800) 218.0 13 (2) 16 (2)
P/H A 1GO*C/2hr/Air Cool Rom Temp. 0.4 85 (123) 850 (123)

540 (10o) 18.8 876 (127) 503 (73)
760 (1400) 48.0 71 (10) 114 (16)
gm0 (1800) 106.0 20 (3) 24 (3)

P/HR 8 As-extruded Rom Temp. 0.0 358 (52) *

540 (1000) 13.9 919 (133) 560 (81)
760 (1400) 45.0 76 (11) 135 (20)
980 (1800) 80.0 8 (1) 31 (4)

P/H B 1050C/2hr/Air Cool Room Temp. 0.0 690 (100) *
540 (1000) 11.0 813 (118) 493 (71)
760 (1400) 78.4 55 (8) 124 (18)

P/m C As-extruded Room Temp. 0.7 1087 (158) 968 (140)
540 (1000) 18.6 1041 (151) 611 (89)
765 (1410) 76.3 53 (8) 80 (12)

P/H C 1050*C/Zhr/Air Coo] Room Temp. 0.0 717 (104) 717 (104)
540 (1000) 1.2 823 (119) 492 (71)
760 (1400) 48.0 54 (8) 135 (20)

PMN D As-extruded Room Temp. 0.0 283 (41) *
540 (1000) 0.0 462 (67) *
760 (1400) 107.0 193 (28) 166 (24)
980 (1800) 183.0 34 (5) 14 (2)

P/ D 1050 0C/2hr/Air Cool Room Temp. 0.0 269 (39) *

540 (1000) 0.0 290 (42) *
760 (1400) 82.5 214 (31) 166 (24)
980 (1800) 167.0 41 (6) 34 (5)

P/H E As-extruded Room Temp. 1.1 633 (92) *
540 (1000) 49.8 411 (60) 371 (54)
760 (1400) 10.0 169 (25) 190 (28)
980 (1800) 42.4 26 (4) 59 (8)

P/H E 1050°C/2hr/Air Cool Room Temp. 0.0 783 (114) *
430 (800) 5.2 740 (107) 571 (83)
540 (1000) 51.3 380 (55) 295 (43)
650 (1200) 26.9 223 (32) 208 (30)
760 (1400) 14.7 205 (30) 213 (31)
980 (1800) 77.1 22 (3) 57 (8)

P/H F As-extruded Room Temp. 0.7 852 (124) 852 (124)
430 (800) 3.5 640 (93) 486 (70)
540 (1000) 42.3 460 (67) 541 (78)
650 (1200) 15.5 334 (48) 346 (50)
760 (1400) 5.9 179 (26) 241 (35)
980 (1800) 82.5 2 (0) 33 (5)

• =Fractured before yielding.
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Table 8. Tensile Data of Pmse I Powder Alloys (continued)

Alloy Heat Treatment Temperature Percent Fracture 0.2% Yield
Condition *C (*F) Elongation Strength IPa (ksi)

MPa (ksi)

P/M F 10,0C/2hr/Air Cool Room Temp. 0.7 - 683 (99) 683 (99)
430 (800) 9.8 760 (112) 611 (89)
540 (1000) 29.0 552 (80) 544 (79)
650 (1200) 12.1 332 (48) 320 (46)
760 (1400) 6.6 197 (29) 232 (34)
980 (1800) 81.0 31 (5) 34 (5)

P/H G As-extruded Room Temp. 0.0 332 (49) *

540 (1000) 0.0 541 (79) *
760 (1400) 42.6 142 (21) 263 (38)
980 (1800) 84.7 13 (2) 33 (5)

P/H G 1050°C/2hr/Air Cool Room Temp. 0.0 446 (65) *

540 (1000) 8.6 823 (119) 725 (105)
760 (1400) 55.4 95 (14) 196 (29)
980 (1800) 89.3 11 (2) 40 (6)

P/N H As-extruded Room Temp. 0.0 181 (26) *

540 (1000) 0.0 633 (92) *
760 (1400) 18.7 87 (13) 203 (29)
980 (1800) 85.5 14 (2) 41 (6)

P/H I As-extruded Room Temp. 0.0 176 (26)
540 (1000) 0.0 330 (48) *
760 (1400) 81.8 123 (18) 219 (32)

P/H I 1OSOCC/2hr/Air Cool Room Temp. 1.3 154 (22) 154 (22)
540 (1000) 1.0 241 (35) 241 (35)
760 (1400) 65.6 162 (24) 263 (38)

• = Fractured before yielding.



Table:9. Tensile Fracture Behavior of Phase 1 VIM Alloys

Fracture Mode
Heat Treatment

Alloy Condition Room Temp. 5400C 7600C 9800C 11200C

A As-extruded mostly T mixed D - -

lOSOC/2hr/Air Cool T mixed 0 - -

B As-extruded mostly I mostly T DI - -
!050C/2hr/Air Cool mostly I mostly T D - -

C As-extruded mixed T D D -
lO5O°C/2hr/Air Cool mixed mixed DI D -

D As-extruded mostly I mostly I D - -

2h/1050-C/AC I mixed DI - -

E ';-extruded mixed mixed mostly I mostly I DI
1050*C/2hr/Air Cool mostly I mixed I 1 01

F As-extruded T mostly T DI D -
1050*C/2hr/Air Cool T mostly T I D -

G As-extruded T T D D -

H As-extruded T mixed 1 D -

I As-extruded T mostly T D --

1050OC/2hr/Air Cool mostly T mostly T D - -

I = Intergranular fracture
T = Transgranular cleavage
mixed = Both transgranular cleavage and intergranular fracture
D = Ductile tearing
DI = Ductile tearing plus intergranular separation
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Table 10. Tensile Fracture Behavior of Phase I Powder Alloys

Fracture Mode
Heat Treatment

Alloy Condition Room Temp. 5400C 760 0C 9800 C

P/H A As-extruded T T DI DI
1050C/2hr/Air Cool T mostly T D

PMH B As-extruded mostly I mostly T DI D
1050*C/2hr/Air Cool mostly I mostly T D

P/H C As-extruded mixed mixed DI
1050*C/2hr/Air Cool I mostly I DI DI

P/H E As-extruded mostly T mostly T mostly I mixed
1050*C/2hr/Air Cool T T mostly I I

P/H F As-extruded T mostly T I DI
1050*C/2hr/Air Cool T mostly T I DI

P/M G As-extruded T T D D
1050*C/2hr/Air Cool T T DI D

P/H H As-extruded T mostly T I D

P/H I As-extruded T T D
1050°C/2hr/Air Cool T T T

I = Intergranular fracture
T = Transgranular cleavage
mixed = Both transgranular cleavage and intergranular fracture
D = Ductile tearing
DI = Ductile tearing plus intergranular separation
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Table -1. Pase 1 Alloys .... ..

Alloy Nominal Composition (atom percent) Rationale Purpose Form

A2 (1) Ni - 32.0 Al - 29.0 Co 1 Stress-J Induced
A3 (1) Ni - 32.0 Al - 25.0 Co J artensite

M<RT
C2 (3) Ni - 31.0 Al - 16.0 Co M Toughening

C3 (3) Ni - 30.0 Al - 15.0 Co

82 (2) Ni - 30.0 Al - 25.0 Co Alloy B Extruded
w/o boron VIN

Ingots
AT (1) Ni - 30.0 Al - 32.5 Co - 5.0 Ti 1! Precipitation
CT (3) Ni - 29.0 Al - 21.0 Co - 5.0 Ti Hardening 1

StrengtheningAH (1) Ni - 30.0 Al - 34.5 Co - 0.5 Hf
Solid-Solution

CH (3) Ni - 29.0 Al - 21.0 Co - 0.5 Hf Strengthening

Ductile Extruded
M1 (Ni - 50.0 Al) Particle/ Toughening Powder

+ 20 v/o MERL 76 Brittle Mixtures
I Matrix I I

Alloys based on the following Phase I Alloys:
(1) AlloyA: Ni-30A1 -35 Co
(2) Alloy B: Ni-30A1 -25 Co-0.25 B
(3) Alloy C: Ni-29 Al -21Co
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Table 12. Phase II Alloy Compositions (atom percent)*

Alloy Mi Al Co Hf Ti

A2 Nominal: 39.0 32.0 29.0
Chemical Analysis: 38.3 34.0 27.7

A3 Nominal: 43.0 32.0 25.0
Chemical Analysis: 43.0 32.7 24.3

C2 Nominal: 53.0 31.0 16.0
Chemical Analysis: 52.9 31.5 15.6

C3 Nominal: 55.0 30.0 15.0
Chemical Analysis: 54.6 30.9 14.5

B2 Nominal: 45.0 30.0 25.0
Chemical Analysis: 44.6 31.2 24.2

AT Nominal: 32.5 30.0 32.5 5.0
Chemical Analysis: 32.3 31.5 31.3 4.9

CT Nominal: 45.0 29.0 21.0 5.0
Chemical Analysis: 44.5 30.1 20.5 4.9

AH Nominal: 35.0 30.0 34.5 0.50
Chemical Analysis: 35.1 30.9 33.5 0.51

CH Nominal: 49.5 29.0 21.0 0.50
Chemical Analysis: 49.3 29.8 20.4 0.53

* - 2% of the reported value
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Table 13. X-Ray Diffraction Results for Phase II Alloys

X-Ray Diffraction
Nominal Lattice Optical

Composition Phases Parameters etallography/
Alloy (atom percent) Present (nm) Phase Diagram

A2 Ni-32 Al-29 Co ord. bcc a = 0.285779 NiAl-type, B2

A3 Ni-32 Al-25 Co tetragonal a = 0.38868 NiAl-type, LID
c = 0.30844

ord. 7 bcc a = 0.285969 NiAl-type, 82

B2 Ni-30 Al-25 Co ord. fct a = 0.38320 NiAl-type, LIo
c = 0.30771

ord. ? fcc a = 0.357356 Ni3Al-type, L12

C2 Ni-31 Al-16 Co ord. ? fct a = 0.38053 NiAl-type, Lio
c = 0.30128

ord. ? fcc a = 0.357525 Ni3Al-type, L12

C3 Ni-30 Al-15 Co ord. I fct a = 0.38122 NiAl-type, LI0
c = 0.31238

ord. fcc a = 0.357789 Ni3A1-type, L12

AH Ni-30 Al-34.5 Co-0.5 Hf ord. bcc a = 0.286023 NiAl-type, B2
ord. ? fcc a = 0.35729 Ni3A1-type, L12 or

(Ni,Co) Solid Solution, Al

AT Ni-30 Al-32.5 Co-5 Ti ord. bcc a = 0.28721 NiAl-type, B2

CH Ni-29 A1-21 Co-0.5 Hf ord. ? fct a = 0.38375 NiAl-type, LIo
c = 0.31006

ord. ? fcc a = 0.359318 Ni3Al-type, L12

CT Ni-29 A1-21 Co-5 Ti ord. ? bcc a = 0.287092 NiAl-type, B2

ord. ? fcc a = 0.359197 Ni3Al-type, L12

? = Assumed ordered; superlattice peaks too weak for clear identification

4
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Table 14. Martensitic Transformation Temperatures of NiAl-Co Alloys

Transformation
Composition (atom 4) Temperatures (*C)

Alloy Ni Co Al B As Af Ms Mf

A 35 35 30 - -70 -55 -25 -50

B 44.75 25 30 0.25 170 215 180 150

C 50 21 29 - 675 695 665*

P/H D 55 10 35 - 270* 165 150

A2 39 29 32 - 15+ -

A3 43 25 32 - 70+ -

B2 45 25 30 - 40 240 110 95

C2 53 16 31 - 445* 270 255

C3 55 15 30 - 330 360 160*

* Only one transformation temperature observed on dilatometer trace in the form

of a change in slope only
+ = Ms determined via quenching experiments only

Table 15. Phase II Alloys Metallography Results

Grain Size (ASTM No.)

Alloy Phases Present (volume percent) As-Extruded 1050°C/2hr/Air Cool

A2 NiAl-type, B2 5 2

A3 NiAl-type, L10  5 3

B2 95% NiAl-type, L10 + 5% Ni3Al-type, L12  5 4

C2 95% NiAl-type, L10 + 5% Ni3Al-type, L12  5 4-5

C3 70-65% NiAl-type, L1o + 30-35% Ni3Al-type, L12 5 8

AH 90% NiAl-type, B2 + 10% Ni3Al-type, L12  6 4

AT* 90% NiAl-type, B2 + 10% Ni3Al-type, L12  * --*

CH 80% NiAl-type, B2 + 20% Ni3Al-type, L12  7 7

CT 80% NiAl-type, B2 + 20% Ni3A1-type, L12  8 6

MI As-Extruded
80% NiAl-type, B2 +20% MERL 76 particles 7 (matrix) -

1050C/2hr/Air Cool

60-65% NiAl-type, B2 + 25% Ni3Al-type, L12 7 (matrix)
10-15% MERL 76 particles

* As-cast ingot only
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Table 16. Gamma Prime Compositions in Alloy CT at 760*C (1400*F)

Composition (atom percent) Composition (weight percent)

Phase Location Ni Al Co Ti Ni Al Co Ti

Grain Boundary 63.2 13.6 17.9 5.3 68.9 6.8 19.6 4.7

Grain Interior 61.1 13.8 17.8 7.3 66.8 7.0 19.6 6.6

a

Table 17. Morphology and Structure of the Phases Present in Alloys A and AH at Room

Temperature and 760°C (1400°F)

Alloy A Alloy AH

Room Temp. 760 0C (1400-F) Room Temp. 760°C (1400"F)
Phase Morph./Struct. Morph./Struct. Morph./Struct. Morph./Struct.

Matrix B2 B2 B2 B2

Boundary Ppts. Blocky Li2  Blocky Li2  Blocky A3 Small Blocky A3
Blocky Al

Matrix Ppts. None Prism-shaped Al None Rod-shaped A3

Phase Structures:
Al = disordered fcc A3 = hexagonal
B2 = ordered bcc L12 = ordered fcc

Table 18. Compositions of Phases Present in Alloys A and AH at 7600C (1400 0F)

Alloy A: Ni-29.3 Al-36.7 Co Alloy AH: Ni-30.9 Al-33.5 Co-0.51 Hf

Composition (atom percent) Composition (atom percent)

Phase Ni Al Co Hf Phase Ni Al Co Hf

p B 35.8 35.0 29.2 - B2* 35.6 34.4 30.0

L12  31.0 13.5 55.5 - Al 27. 11.8 60.6 -

Al 23.7 13.6 62.7 - A3 39.9 10.8 41.9 7.4

* Calculated from precipitate compositions and volume fractions

69



Table 19. Tensile Data of Phase II NiAlCo Alloys

Ultimate 0.2% Yield
Heat Treatment Temperature Percent Strength Strength

Alloy Condition 0C (OF) Elongation MPa (ksi) MPa (ksi)

A2 As-extruded Room Temp. 0.0 172 (25) *
540 (1000) 0.0 428 (62) *
760 (1400) 22.4 138 (20) 117 (17)

A2 1050°C/2hr/Air Cool Room Temp. 0.0 117 (17) *
540 (1000) 0.0 435 (63) *
760 (1400) 30.0 138 (20) 124 (18)
980 (1800) 188.2 28 (4) 28 (4)

A3 As-extruded Room Temp. 0.6 172 (25) *
540 (1000) 1.3 372 (54) *
760 (1400) 89.1 152 (22) 124 (18)
980 (1800) 220.0 28 (4) 21 (3)

A3 1050°C/2hr/Air Cool Room Temp. 0.0 78 (11) *
540 (1000) 0.0 124 (18) *

760 (1400) 33.9 138 (20) 117 (17)
980 (1800) 100.0 21 (3) 14 (2)

B2 As-extruded Room Temp. 0.0 379 (55) *
540 (1000) 0.0 572 (83) 469 (68)
765 (1410) 88.1 186 (27) 152 (22)

B2 1050 0C/2hr/Air Cool Room Temp. 0.0 193 (28) *
540 (1000) 1.3 248 (36) *

760 (1400) 55.6 131 (19) 103 (15)

C2 As-extruded Room Temp. 0.0 414 (60) *
540 (1000) 0.0 510 (74) *
760 (14e0) 52.2 248 (36) 200 (29)

C2 1050°C/2hr/Air Cool Room Temp. 0.0 228 (33) *
540 (1000) 0.0 359 (52) *
760 (1400) 15.2 276 (40) 214 (31)
980 (1800) 159.6 28 (4) 28 (4)

C3 As-extruded Room Temp. 0.0 572 (83)
540 (1000) 0.6 745 (108) 745 (108)
760 (1400) 43.3 228 (33) 200 (29)
980 (1800) 246.0 21 (3) 14 (2)

C3 1050°C/2hr/Air Cool Room Temp. 1.3 366 (53) *
540 (1000) 1.3 559 (81) *
760 (1400) 96.8 186 (27) 124 (18)
980 (1800) 229.0 28 (4) 7 (1)

* No apparent yielding on the stress-strain curve prior to fracture
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Table 20. Tensile Data of Strengthening Modifications of Alloy A

Fracture/
Ultimate 0.2% Yield

Heat Treatment Temperature Percent Strength Strength
Alloy Condition 0C (OF) Elongation MPa (ksi) MPa (ksi)

AH As-extruded Room Temp. 0.7 250 (36) *

540 (1000) 0.9 817 (118) *
760 (1400) 95.0 335 (49) 319 (46)
980 (1800) 190.0 38 (6) 32 (5)

AH 1050°C/2hr/Air Cool Room Temp. 0.0 207 (30) *
540 (1000) 0.3 530 (77) *
760 (1400) 39.7 477 (69) 464 (67)
980 (1800) 137.0 55 (8) 51 (7)

A As-extruded Room Temp. 1.8 663 (96) *
540 (1000) 0.3 748 (108) *
760 (1400) 113.5 156 (23) 138 (20)

A 1050°C/2hr/Air Cool Room Temp. 0.0 352 (51) *

540 (1000) 1.3 732 (106) *
760 (1400) 79.4 208 (30) 197 (29)

* No "classical" yielding detected on the stress-strain curve
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Table 21. Tensile Data of Strengthening Modifications of Alloy C

Fracture/
Ultimate 0.2% Yield

Heat Treatment Temperature Percent Strength Strength
Alloy Condition °C (OF) Elongation MPa (ksi) MPa (ksi)

CH As-extruded Room Temp. 0.0 628 (91) *
540 (1000) 8.6 945 (137) 690 (100)
760 (1400) 125.0 228 (33) 201 (29)
980 (1800) 290.0 47 (7) 13 (2)

CH 1050°C/2hr/Air Cool Room Temp. 0.0 329 (48) *
540 (1000) 1.6 653 (94) *
760 (1400) 74.6 323 (47) 310 (45)
980 (1800) 170.0 44 (6) 39 (6)

CT As-extruded Room Temp. 0.0 637 (92) *
540 (1000) 0.0 519 (75) *
760 (1400) 93.0 314 (46) 265 (38)
980 (1800) 300.0 46 (7) 39 (6)

CT 1050°C/2hr/Air Cool Room Temp. 0.0 303 (44) *
540 (1000) 1.9 76 (11) *
760 (1400) 90.0 313 (45) 304 (44)
980 (1800) 216.0 60 (9) 53 (8)

C As-extruded Room Temp. 2.? 821 (119) *

540 (1000) 3., 766 (111) 625 (91)
760 (1400) 133.0 192 (28) 172 (25)
980 (1800) 191.4 26 (4) 18 (3)

C 1050°C/2hr/Air Cool Room Temp. 1.7 588 (85) *
540 (1000) 2.3 864 (125) *
760 (1400) 19.1 341 (49) 317 (46)
980 (1800) 149.2 31 (5) 28 (4)

• No "classical" yielding detected on the stress-strain curve
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Table 22. Tensile Data of Alloy H with MERL 76 Reinforcement

Fracture/
Ultimate 0.2% Yield

Heat Treatment Temperature Percent Strength Strength
Alloy Condition 0C (OF) Elongation MPa (ksi) HPa (ksi)

M1-76 As-extruded Room Temp. 0.0 172 (25) *

540 (1000) 2.5 212 (31) *
760 (1400) 63.8 130 (19) 75 (11)
980 (1800) 81.0 47 (7) 40 (6)

M1-76 1050°C/2hr/Air Cool Room Temp. 0.0 238 (35) *

540 (1000) 0.6 213 (31) *
760 (1400) 47.2 161 (23) 133 (19)
980 (1800) 87.0 54 (8) 48 (7)

• No yielding detected on the stress-strain curve

Table 23. Compression Data of First Series of Phase II Alloys*

Composition 0.2% Yield Strength, MPa (ksi)
(at.%, Ni bal.) Phases at 540 0C 7600C 9800C

Alloy Al Co Room Temp. Room Temp. (10000F) (1400 0F) (1800 0F)

A 30 35 B2+10% L12  1118 (162) 1031 (150) 316 (46) -

A2 32 29 B2 846 (123) 472 (69) 128 (19) 37 (5)

A3 32 25 L10 + B2 546 (79) 525 (76) 178 (26) 37 (5)

B2 30 25 Llo+5% L12  517 (75) 524 (76) 195 (28) 34 (5)

C 29 21 Llo+25% L12  754 (109) 558 (81) 163 (24) -

C2 31 16 L10+5% L12  716 (104) 900 (131) 276 (40) 34 (5)

C3 30 15 Llo+35% L12  1319 (191) 1455 (211) 303 (44) 19 (3)

* Heat Treatment: 1050°C/2hr/Air Cool
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Table 24. oosir. esi ou of Secoif Series of trase 11 AlOYS

AllOy Teveratoe Oft Yield Strmtb
Alloy C~qwitiaa (af.) C (*F) Na &Si)

A W-W A1-33 Co om Tep. ilia (152)
s4o (19m) 103 (Is)
760 (140) 316 (46)

N-30 A1-34.5 Co-05 f Ram Tep 1NS (O2)
540 (1IW0) 706 (102)
70 (140) 411 (0)
9w(1&o) 54 (8)

C -29 Al-21 Co Room Temp. 74 (109)
540 (1lo0) 558 (81)
76 (1400) 163 (24)

31-2 90 Al-21 C"-.5 A f Rom Temp. 521 (76)
540 (10) 617 (89)
760 (140) 326 (41)
960 (1IW0) 34 (5)

C T Xi--29 Al-21 Co-S5 Ti RoOM Tm. 976 (142)
-WO (1000) m2 (120)
760 (1400) 403 (58)
90 (I80) 56 (a)

jAl Ni-SO Al Room Temp. 310 (45)
540 (1000) 170 (25)
760 (1400) 90 (13)
980 (1800) 39 (6)

X1-76 O0 v/o (Ni-SO Al) + Room Tesp. 413 (60)
20 v/o MERL 76 Particles 540 (1000) 284 (41)

760 (1400) 154 (22)
980 (1800) 57 (8)
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Table 25. ib- T eratme Fractcr Tooffess md Fractore EmeM of Selected Alloys

Smimal Fractwre
COc2iti= K Emery

All y (at ) Fases Presest (r.,/5) ( O/

iAl li-5 A, 10 12 WAl 5.4*, 5. 9 6.5-, 7.r*
6.2"

iAl li-W Al-0.25 8 1W% 32 IlAl 5.9*, 6.2 3.5*, 6.1-

IAl 01-43 Al 100% 32 KiAl 4.3- 6.9- 2.6-, 3. 9

SiAl i-40 Al 100 S2 liAl 6.8

hAi.  11-38.5 A 100 32 IiAl 9.00

NiAl Fi-37 Al 100% 32 IlAl 7.50 -

A Ni-30 AI-35 Co 9D% B2 NjAl 15.6-, 18.5- 55*, 77*
10% fc, (Co.hi.Al)

A2 1i-32 A1--29 Co 100% 82 IiAl 10.5-, 12.0+ 15*. 174

A3 hi-32 A1-25 Co 100k LID NiAl 8.3+, 10.9- 19+, 23*

B 1i-30 A1-25 Co-0.25 B 95% Lin IiAl 10.3*% 10.8- 33* 43*
5%boride

82 Xi-30 A1-25 Co 95% LID NiAl 14.9+, 17.8- 113+, 97*
5% Ni3Al

C Ni-29 Al-21 Co 90% U0 NiAl 22.8, 25.3* 141*, 145-
10% N13 A1

C2 Ni-31 Al-16 Co 95% Li0 NiAl 16.6+, 17.9- 72+, 70*
5% NiAl

C3 Ni-30 Al-15 Co 70-65% LID NiAl 13.2-, 15.8+ 38*, 36+
30-35% Ni3AJ

D Ki-35 Al-10 Co 100% LID NiAl 9.1*, 10.2+ 22-, 26+

• As-extruded VIM ingot (or powder of Ni-43A1 and Alloy D)
+ As-extruded and heat treated at 2 hours/1050C/air cooled
o Hot-pressed consolidated pre-alloyed powder (Reference 21)
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Tale 26. om Tewperatme Fracture Touguess Md Fractue Energy of Selected Quaternary
Alloys and a 31AI Composite

sial Coqosition mM Fracture Energy

Alloy (atom %) (a i) cm)

A 31-30 Al-35 Co 15.6-. 18.5- SS*, 77*

A W-30 A-345. Co-O.5 Rf (10.9) (12)

C i-2 Al-21 Co 22.8%, 25.3* 141*, 145"

CH Mi-29 AI-21 CO-0.5 If 17.7*, 22.8+ 37-, 229+

CT 3i-29 Al-21 Co-S Ti (7.6), (9.3+) (6*). (7.)

HI (1-50 Al) + 20 v/o MEM 76 (17.3+) (26*)
* Extruded YI ingot

+ Extruded and heat treated at 2 hours/1050C/air cooled
( ) Precrack did not meet PSTK standards

Table 27. Heat Treatment Studies of NiAlCo Alloys

Gama Prime Katrix
Amount Grain Size Composition Kc

Alloy+ Heat Treatment (vol. ) (ASIm) (atom %) (HPa/r

B2 As-extruded 3 5 n.d. 17.8

2hr/800C/AC 13 5 n.d. 17.6

2hr/10500C/AC 8 4 n.d. 14.9

2hr/1300OC/AC 0 -3 n.d. *

C As-extruded 20 5 n.d. 22.8, 25.3

2hr/800C/AC 33 5 Ni - 23Co - 31A] 23.3, 33.3

2hr/1090C/AC 28 4 Ni - 20Co - 31AI n.d.

2hr/13000 C/AC <2 -3 Ni - 22Co - 28A1 13.2, 25.3

n.d. = not determined
* = material broke apart intergranularly before testing

+ = Alloy B2 Composition: Ni -30 Al -25 Co

Alloy C Composition: Ni - 29 Al - 21 Co
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Table 28. Ccoressive Stiffr'ess of Martensitic ad .ml rtesit.c Alloys

Af Test Stiffness
Temp. Temperature Ratio

Alloy OC (OF) C (F) Loading Unloading (Pnload./Load.)

A -5 (-65) Rom Temp. 113 (16.4) 113 (16.4) 1
205 (400) 91 (13.3) 94 (13-7) 1.03

A215 (59) Room Temp. 123 (17.8) 123 (17.8) 1

A3 70 (160) Room Temp. 53 ( 7.7) 118 (17.1) 2.2
205 (400) 88 (12.8) 95 (13.8) 1.08

B 215 (420) Room Temp. 57 (8.3) 86 (12.5) 1.5

62 240 (465) Room Temp. 45 ( 6.5) 83 (12.0) 1.8
205 (400) 46 ( 6.7) 95 (13.8) 2.06

C 695 (1280) Room Temp. 90 (13.0) 90 (13.0) 1
205 (400) 86 (12.4) 107 (15.5) 1.25

C2 445 (830) Room Temp. 91 (13.2) 96 (13.9) 1.1
205 (400) 83 (12.1) 83 (12.1) 1.64

C3 360 (680) Room Temp. 126 (18.2) 126 (18.2) 1

E + Room Temp. 145 (21.0) 145 (21.0) 1

F + Room Temp. 127 (18.4) 127 (18.4) 1

J + Room Temp. 138 (20.0) 138 (20.0) 1

+ Stable B2 Phase Alloy

Table 29. Creep Stress Exponents for Selected Alloys at 760*C (1400 0 F)

Alloy Stress Exponent

Ni - 50 Al 10.5 (Reference 25)

Ni - 49 Al 7.3 (Reference 25)

Ni - 45 Al 4.9 (Reference 25)

Alloy A 3.0

Alloy CH 3.1

Alloy AH 1.0

Alloy C2 1.1

Alloy CT 1.5
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Table 30. Low Cycle Fatigue Data of Selected Alloys

Applied Cycles
Temperature Stress to

Alloy CC (OF) HP& (ksi) Failure

A Room Temp. Failed in loading due to porosity; see text

C Room Temp. 207 (30) run-out*
276 (40) rtun-.eWt
345 (50) -.out*
414 (60) 20

C2 Room Temp. 193 (28) rur-out*
255 (37) rur-out*
297 (43) run-out*
345 (50) run-out*
414 (60) failed on first cycle

CH Room Temp. 207 (30) run-out*
276 (40) run-out*
345 (50) run-out*
414 (60) 14, 160

C 760 (1400) 69 (10) run-out*
103 (15) 22,154

C2 760 (1400) 138 (20) 47,950

* run-out: 50,000 cycles without failure

Table 31. Metallography of As-Extruded Phase III and Baseline Materials

Grain Size

Material (atom percent) Phase Present (volume percent) (ASTM) (MM)

Ni-29 A1-21 Co 75% L1O martensite 5 0.062
25% L12 gamma prime

Ni-29 A--21 Co + PRD-166 (75% LIo martensite 8 0.022
25% L12 gamma prime) + 10-15% PRD-166

,Yn



Table 32. 0.2% Compressive Yield Strength of the Phase III Material

Temperature 0.2% Yield Strength Percent
Material aC (OF) MPa (ksl) Improvement

Ni-29 Al-21 Co + PRO-166 20 (68) 776 (113) 3
(tested perpendiculr to the 540 (1000) 699 (101) 25
extrusion direction) 760 (1400) 272 (39) 67

870 (1600) 116 (17) N/A
980 (1800) 36 (5) N/A

Ni-29 Al-21 Co + PRD-166 20 (68) 840 (122) 11
(tested parallel to the 540 (1000) 759 (110) 36
extrusi)n direction) 760 (1400) 348 (51) 113

870 (1600) 143 (21) N/A

Ni-29 Al-21 Co 20 (68) 754 (109)
540 (1000) 558 (81)
760 (1400) 163 (24)

Table 33. Elastic Modulus of the Phase III Material

Temperature Elastic Modulus*
Material °C (OF) GP& (Ms1)

Ni-29 Al-21 Co + PRD-166 20 (68) 134 (20)
(tested perpendicular to the 540 (1000) 152 (22)
extrusion direction) 760 (1400) 55 (8)

870 (1600) 41 (6)
980 (1800) 28 (4)

Ni-29 Al-21 Co + PRD-166 20 (68) 97 (14)
(tested parallel to the 540 (1000) 97 (14)
extrusion direction) 760 (1400) 55 (8)

870 (1600) 28 (4)

*Material measurements + 20 GPa (3 Msi)
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Table 34. Tensile Ductility of the PIase III Material

0.2-V Yield
Temperature Percent Fracture Strength Strength

aterial OC (OF) Elongation HPa (ksi) NPa (ksi)

Phase XIX aterial Room Temep. 0.0 543 (79)
300 (572) 2.5 833 (121) 786 (114)
400 (750) 1.9 770 (112) 770 (112)
500 (932) 3.9 785 (114) 748 (109)
600 (1112) 9.3 655 (95) 585 (5)
760 (1400) 32.2 61 (9) 210 (30)

P/H C Room Temp. 0.7 1087 (158) 968 (140)
Ni-29 a/o Al-21 a/o Co 400 (750) 4.1 1062 (154) 821 (119)

540 (1000) 18.6 1041 (151) 611 (89)
765 (1410) 76.3 53 (8) 80 (12)

Table 35. Fracture Toughness of the Phase III Material and Selected Alloys

Material Condition KIc(MPav/i )

Phase III Material Extruded Powder 18.9, 20,5

Alloy C Extruded Ingot with 23.3, 33.3
Ni-29 a/o Al-21 a/o Co 2hr/800C/Air Cool Heat Treatment

Extruded Ingot 22.8, 25.3

Alloy 82 Extruded Ingot 17.8
Ni-30 a/o Al-25 a/o Co

Alloy A Extruded Ingot 15.6, 18.5
Ni-30 a/o Al-35 a/o Co

Ni-(38-50) a/o Al Extruded Ingot 9.0, 5.7
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Table 36. Ao2 Values for 300 °K Versus 77K, Taken on Bulk, Annealed CoAl and NiAl by
Glancing Exit Angle Fluorescence*

Alloy Shell AO2 (A)2

CoAl 1 0.0028

CoAl 2 0.0024

CoAl 3 0.0036

NiAl 1 0.0025

NiAl 2 0.0058

NiAl 3 0.0049

*ote: These Aoe values are determined for different temperatures than those of Table 37, and

will not yield corresponding values of AT/Ao2.

Table 37. Third Nearest-Neighbor AT/ Ao2 from EXAFS

Bond AT/ Ao2 ( x 103 OK/A 2)

Zn-Zn in CuZa 18.3

Fe-Fe in FeAl 32.0

Ni-Ni in NiAl 30.0

Co-Co in CoAl 42.0

Fe-Fe in FeCo(ordered) 40.0

Co-Co in FeCo(ordered) 49.0
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r Mechanical and

micro evaluation

" Ductility (DBTT)
* Slip systems
• Fracture modes directions
• Strength
" Secondary properties

jCorrelation Confirmat~o

EXAFS & XANES Simlaio

elastic modulus Smlto

Atomic bonding lip

•Types Modeling

•Strength and directionality

Figure 1. Schematic of the Approach Used in this Program Showing the Rehmonship Between the
Various Types of Studies
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Figure 2. Specimen Geometries Used in Mechanical Testing for: (a l7lsdl' Strength and Ductility, (b)
Compressive Strength and Deformability and Compressive Creep, and (c) Fracture 'rough-
ness
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Figure6 Microstructure of the Extruded and Heal Treated Baseline Alloy Showing a Unifonn Disti--
bution of Fine Alpha Chromium Partides and Denuded Zones at Grain Boundaries
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Figure 10. Microstructures oft/ic Alloy 1B (Ni-30 a/c AI-25 alo Co-O. 25 a/c 13) Produced as a Vill

In got After Extrusion at 10000 C, Extrusion Ratio 9:1 (top) and After Heat 'Ireatmnli fo~r

2 Hours at 10500 C (bott'om); Left-Transverse Section, Riglit-Longiludi'ial Section
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Figure,12. Microstructures of the Alloy D) (Ni-35 a/C Al-1O a/c Co) Produced as a I IIgotAfter
Extrusion at 10000 C, Extrusion Ratio 9:1; Iop-iRansversc Section, Bottoin-Longituditial
Section. Note that numerous grainis have been liberated from the sutface indicating weak
grain boundaries.
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Figure,14. Microstructures of the Alloy F (Ni-33 alo AI-20 alo Fe) Produced as a VIM In got After Ex-
trusion at 1000 C, Extrusion Ratio 9:1 (top) and After Heat Treatment for 2 Hours at
1OSO0C (bottom); Left-T'ransverse Section, Right-Longitudinal Section
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Figure 18. Microstructures of f/ic Alloy J (Ni-4O alo Al-JO alo 'U,) Produced as a VIM Ingo.' (a) As
Cast, and (b) As Partially Ertruded. Alloy J exceeded f/ic load capacity of the extrusion press
and was not extruded. The microstructures shown are fromn the leading end of the extrusion
preform from one of the attempted extrusions.
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Figure 19. Ni-Co-Ai Phase Diagram at 800K ( Reference 9) with Estimated Martensitic Tra nsformat ion
Temperature Contours (from References 10 and 11)
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Figure 21. Optical Microgirapzs ofAlloyA After Compression at R~oom Temperature ('top) and 760*C
(1400FP) (bottom)
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Nas

(b)
Figure 22 TEM of VIMAIloy.,As Extruded +Heat reatmlent of 2Hrs/1050° C/Air Cool After Comi-

pression at 760"C (1400"F). (a) Micrograph of matr containing a high density of prism-
shaped precipitates. (b) Htigher magnification mnicrograph of grain boundary showing elon-
gated gammta prime.
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Figure 23. TEMof VIMAIloyA, As Extruded + Heat Treatnentof2 Hrs/l0500 C/Air CoolAfter Comn-
pression at 760 0C (1400 *F) to 0. 2% Strain. (a) Higher magnification micrograph of matrix
showing the prism-shaped precipitates which are seen to lie predominantly along < 110 >
B2 directions. (b) Micrograph of blocky matrix precipitate with the same structure (LI2) as
the grain boundary phase seen in Figure 22.



(a) (b)

(C)

Figure 24. SelectedArea Diffraction of VIMAlIoyA (As Extruded + Heat Treatment at 2 HrsIO500 C/

Air CoolAfter Compression at 7600C (1400 0F) to 0.2% Strain) on the Phases Seen in Figure

23. (a) Matrix, (001) zone axis pattern - ordered bcc (B2) with a = 0. 286 nm. (b) Blocky

precipitate, (011) zone axis pattern - ordered fcc (LI2) with a = 0.355 nm. (c) Prism precipi-
tate, (011) zone axis pattern -fcc (Al) with a = 0.355 nm.
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Figure 25. Microstructures of VIM Alloy B After Extrusion and a Heat Treatment at 2 Hrs/]0500 ClAir
Cool (a) TEM micrograph of the martensitic plates, corresponding to the (b) selected area
diffraction pattern, showing that the plates are twin related. Subscripts "In" and "t" corre-
spond to arbitrary selection of "matrix" and "twin." (c) Optical micrograph showing parallel
martensitic plates in various grains.
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FigureM 26. 'M Micrographs of Fine 'ivin Larnellac within the Murten. iticlPh'Ites ofVIM Alloy B.7The
orientation of the lainellae is related to the orientation of the larger ,nartensitic plates.
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(a)

(b) (C)

Figure 27 (a TEM Micrograph of Grain Boundary Precipitates in VIM Alloy 1B, wit/h Cornwponding
Selected Area Diffraction Patterns wit/h Zone Aves of (b) (001) and c) (123). The prccipitates
are identified as (Ni, Co)20A413B6.
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(a)

4 0

Figure 28. TEM of VIM Alloy C, As EtirudedI + Heat ieaftncnt of 2 l1rs/10500 C/Air Cool (a) TEA!
micrograph of grain boundwy pha~ses. ('b) Higher magnification TEM dairk field ic rograp~h
of gammna/gammna primne phase mixture.
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Figure 29. TEM ofPowderAlloy G, As Hieal i'reafed (2 Hlrs~lO5O0*CIAir Cool) and After 7hnsile 7i sting
at 7600 C (1400019 to >30% Strain, Showing tie Beta Phase Matriir Containing Gammia
Prime in Equiaed and Rod-Shaped Morphologies
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Figure 30. Isothermal Section of the Ni-V-Al Phase Diagram at 1150°C (Reference 13), Showing the
Locatfon of Phase I Alloy G and the Pseudo-Ternary Location of Alloy H
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Figure 31. TEM of PowderAlloy G, As Heat Treated (2 HrsIlO50*C/Air Cool) andAfter Tensile resting
at 7600 C (1400 OF) to > 30% Strain, Showing Microstructure in Greater Detail. Note the
mottled matrix and the rod-shaped and planar gamma prime phases.
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Figure 32. 111)l Electron Diffraction Pattern Tiken fromn Powder Alloy G, As Ileat Treated (2
Hlrs/10500 C/Air Cool) and After 'hile Testing at 760 0C (14000 F) to > 30% Strain. 771e
pattern was taken fromn a region of t/i ottledinatrix free of gainma priim' phase. Note the
< 017 > streaking indicative of lattice in.%ability and the < 11 1> streaking associated wvith

the higher order diffraction spots.
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Figure34. 0.2% Compressive Tensile Yidd Strength Veisu Ten~erature Curvesfor NiNl WMAlIp
A, B, C, E, F and G, Tested After a Homogenization Heat Treatment (2 HrsIOS *CIAir
Cool)
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Figure 35. Tensile Elongation Versus Temperature Curves for Phase I Nil Alloys Produced as VIM
Ingots and Extruded at 1000 C with an Extrusion Ratio of 9: . Specimens were tested as-er-
truded (0) and after a homogenization heat treatment for 2 hours at 1050 C and air cooled
(W) (Data points which correspond to both foims are designated 0.) The fracture locations
in the specimens are indicated by "g"'for gage fracture, "s"for fracture at the shoulder orgnp
section of the specimen, and "p.o. "for specimens deformed at the shoulder and pulled out
of the grip without fracture.
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Figure 36. Tensile Elongation Versus Temperature Curvesfor Phase I Nl41Alloys Produced in Powder
Form and Extruded at 10000 C with an Extrusion Ratio of 9:1. Specimens were tested as--ex-
truded (@) and after a homogenization heat treatment for 2 hours at 1050*C and air cooled
(W) Overlapping data poinis are'idicated b0'E.
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Figure 36 (continued)
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Figure 36 (continued)

10.



ot\4

- -(b)

'OV

llv tI PP.

-; - V

A4A

Figure 37 Typical Examples of Tensile Fracture Surfaices of Phase I VIM Alloys. (a) Intergranularfrac-

lure (Alloy E, tested at 7600 , (b) transgranular cleavage (Alloy F, tested at 5400 C), (c)

mixed mode (Alloy A, tested at 5400'C), and (d) ductile tearing (Alloy A, tested (it 760 * )

All alloys tested after a homogenization heat treatmeni ait 1050*C for 2 hours, air cooled.
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Figure 39. Room Temperature TensileStress-Strain Curv efo.&txruded VJ7MAlloyA Showing Evidence
of a Stress-Induced Martensitic Transformation at About 80 MPa
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(b)

Figure 40. TEM of VIM Alloy A, As-Extruded + Hleat 7reatinent of 2 lirsIIOS0.5C/Air Cool After
Compression at Room lemperature to 0. 2% Strain. (a) Micrograph of ,natrit showing dislo-
cation bands along < 112 > and < 110> 132directions. (b) Micrographi of blocky J)Isw~ith:
stacking faults on the same structure (LI2) as the grain boundaq phase. Note the poorly de-
fined tweed contrast in the matrix.
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(a)

(b)
Figure 43. TEM Micrographs of VIM Alloy B After Compression to 3% at Room Temperature. (a)

Bright field image showing lamellae of different orientations-A: i2, B: 132, C. 172, D: 132.
(b) Dark field image of the same area. Note that the twin lamellae maintain their orientation
as they continue through martensitic plates of different (twin related) orientations. The aver-
age thickness of the twin lamellae is 65 nm.
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(b) (C)

Figure 44. TEM Micrograpluv of VIM Alloy B After compression to 3% at Roomi 7knjrature. (a)
Brig/it field inage showiiig laniellae of different orientations.. Selected area diffraction pat1-
ferns using a convergent beau: and zone axes of (b) (172) and (c) (011), indicating f/ie struc-
ture of the Inartensite to be face-center tetragonal wit/h lattice pairame(ters of a 0 0384 nin
and c =0.314 nm.
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Figure 46. Optical Micrographs of Alloy C Room Temperature Compression Specimen After 9.0%
Strain Showing the Detail in Figure 4S at (top) #3 and (bottom) #4. "The top micrograph showsthe region at the grain bounday, with the secondary grain boundary phase seen here at #1.
The crack (#2) is typical of cracks in Alloy C, which appear at the interface between tihe mar-
tensitic grains and the secondary phase. The bottom micrograph shows the lines which appear
to be cross-twinning. (Applied force direction - horizontal to the photographs)
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(a)

2 P In

Figure 47. TEM Micrographs of VIM Alloy C, As Ertrudcd + Ifeal n Teatment of 2 )lrs/I050*0 /ir
Cool. (a) Undeforined microstructure of parallel mnaiensitic hlths. rb) Intersecting ;nartenif-
ic laths produced by plastic deformation.
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Figure 49. Microstructures ofAlloyA3 ('Ni-32 alo Al-25 alo Co) Produced as a VIM Ingot After Evtru-

sion at 10000 C, Extrusion Ratio 9.1 (top) and After Heat Treatment for 2 Hrs/10500 C/Air
Cool (bottom); Left - Transverse Section, Right - Longitudinal Section
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Figure,5SO Microstructures ofAlloy B2 (Ni-30 a/c Al-2S alo Co) Produced as a VI7M Ingot After Extru-
sion at 10000 C, Extrusion Ratio 91 (top) and After Heat Treatment for 2 Hrs/1050 * C/Air
Cool (bottom); Left - Transverse Section, Right -Longitudinal Section
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Figure S2. Microstructures ofAlloy C3 (Ni.-30 alo Al-15 alo Co) Produced as a VIM Ingot After Extru-
sion at 10000 C, Extrusion Ratio 9.1 (top) and After Heat Treatment for 2 Hrs/10S0* C/Air
Cool (bottom); Left - Transverse Section, Right - Longitudinal Section
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Figure 54. Microstructures ofAlloy CH (Ni-29 alo Al-21 a/c Co--0.5 a/o HI) Produced as a VIM Ingot
After Extrusion at 10000C, Extrusion Ratio 9:1 (top) and After Heat Treatment for 2
HrsllO50°C/Air Cool (bottom); Left - Transverse Section, Right - Longitudinal Section
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Figure55. Microstructures of Alloy CT (Ni-29 a/o Al-21 alo Go-S a/o Ti) Produced as a VIM In got
After Extrusion at 10000 C, Extrusion Ratio 9:1 (top) and After Heat Treatmnent for 2
Hrs/10500 C/Air Cool (bottom); Left - Transverse Section, Right - Longitudinal Section
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Figure 56 Microstructures of Alloy MI (Ni-SO alo AI-20 vlo MERL 76 Particles) After Ertrusion at
10000 C, Extrusion Ratio 9.1 (top) and After Heat Treatmjent for 2 Hrs/1050* C/Air Cool
(bottom); Left - Transverse Section, Right - Longitudinal Section
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Figure 61. SAD of Matrix Region of Alloy CTas Shotwn in Figure 6OIlfter C'ompre.%ion (it Roomi JC fl-

perature Showing <1I11I> Streaking Correspondinig to f/ic 'iveed Structure: ('a) < III>
Zone Axis, and (b) < 311 > Zonze Avis
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Figure 66. Tensile Elongation Versus Temperature Curves for Phase II NiAI Alloys. Specimens were
tested as-extruded () and after a rectystallization heat treatmentfor 2 hrs/1050*ClAir Cool
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(d) Alloy C3: NI-30 AI-15 Co
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Figure 66 (continued)
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Figure67. 0.2% Compressive Yield Strength Versus Temperature of Selected Phase II Ternay Alloys
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Figure 68. 0.2% Compressive Yield Strength Versus Temperature of Selected Phase II Alloys Formu-
lated for Strengthening
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Crosshead Displacement --

Figure 69. Load Versus Load Point Displacement Traces of Chevron-Notched Precracked Specimens
Tested at 200 C. (A): A cobalt-modified martensitic alloy (B2). Note the apparent yielding
during loading and slow rates of the load drop as the crack propagates. (B) A nonmartensitic
(stoichiometric) binary alloy.

Yield Strength.,

I (a) (b)

Strain -"-

Figure 70. Stress-Strain Curve for. (a) a Martensitic Alloy that Undergoes Preyield Deformation, and
(b) an Alloy that Does Not

153



.0 Room Temperature Test
0 2050C (401iF) Test

( D 2.0-

CO)
0,

CD

0-

*6

W. TestT

C -

Tes tr T-are

= O 25°C (do"Temp.t

0.5- 700

-2000 20 400600600

2 .5- -700
0

.l)

0 ,

_od

4300*

oN

%- M es

-2 100 3 400 500 60 00 800

As Af Temperature (C)

Figure -. Ratio of UnloadingLoading Stiffness and 02 Cempessie Yeo r Verus Temper-

ature for Alloy B2. Note the abrupt changes near the At temperature.

154



l0-6,

AH

NI-45AI
C)10-s

10
Stress (MPa)1

Figure 73. Compressive Creep Strength Versus Secondary Creep Rate at 760*C (140070 ) of Selected
Alloys
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Figure 74. Compressive Creep Strength Versus Secondary Creep Rate at 9800C (1800 0F) of Selected
Alloys
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Figure 76. Scanning Electron Micrograpis of i-29A1-2 I Co + PRD-166 Alirture. Note dlie marten-
sitic structure oft/ie NiACo matrix and die blocky ganinia prime at the grain boundaries.
(a) Transverse section showing no reaction zone between tihe reinforcement and tihe matrix
(b,) Longitudinal section sihowving evidence of fiber breakup arid void fornnation at t/se ends
oft/ic fibers during extrusion.
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Figure 81. Room Temperature Fracture "bughness Specimnen Fructure Surfaces of the Phase III Materi-
al Showing Fiber Breakage and Limited Fiber Pull--Out
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Figure 82 Compressive Creep Rate asa Function ofApplied Stresswf the Phase III'Materioi at Different
Temperatures Tested with the Stress Direction Both Parallel and Perpendicular to the Fiberi
Exrusion Axis. Ni-29 alo Al-21 alo Co is the matrix material.
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Figure 83. Room Temperature Low Cycle Fatigue Behavior of the Phase III Material. The stress was
cycled between zero and the maximum stress at 40 cpm.
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(a))

A Figure 84. Fracture Surface of Room remperature LCF Specimen of the Phase III Material. Note the

chisel-edge fracture of the gamma prime precipitates (b and c)
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Figure 85. Plot from EXAFS of Ao2 Versus Temperaturefor the First, Second and Third Nearest-Neigh-
bor Bonds for CoAl
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Figure 86. Comparison of Standard Geometry (a) .ad the Improved Geometry (b) for I'rforming
EXAFS on Bulk Samples Using Fluorescence Detection
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Figure 8Z.k Transforms for (a) Ni-Edge in NiAI and (b) Co-Edge in CoAl, Both at 70K
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Figure 88. k3 Transform of EXAlES Data for Ni-SOAl and Ni-43Al. The reduced amplitude for the
Ni-43A1 alloy is indicative of structural disorder in the material.
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(a) Ni-Edge in NiAI (b) Ni-Edge in NiAI + Cr
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Fi,?ure 89. k0 Transforms of EXAFS Data for.- (a) the Ni-Edge in Ni-5OAI, (b) the Ni-Edge inNi.-42A-6C) and (c) the Cr-Edge in Ni-42A-Cr Addition of Cr to MAI reduces thefirst

nearest-neighbor bond strength and the Cr atomns are seen to occupy Al sites.
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Figure 91. L3,2 Edge XANES Data from EELS Measurements. The splitting of the transition metal L3
and L2 edge white lines becomes more pronounced goingfrom FeAl to CoAl to NiAl, indicat-
ing a filling of the third band as electrons are added across the series. It also appears that the
effect of the Al in CoAl is to increase the Co occupied states (References 35 and 36); this is
not seen in the FeAl or NiAL
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Figure 92. Lattice Energy Versus Bain Strain for NiAI Using the Embedded Atom Method

169



X_ 1.1112

0 20D 400 600 800 1000 1200

Iowprakffe (19

(b) Pize Wickel CiysWa &mface Erbergy Analyss
2-0- Energy of [1001 Pkate

c' 1 . 9

0

0
1.t8

1100] Plane

1.7-I
0 200 400 600 800 1000 1200

Temperature (K)

Figurc 93. SurfaLe Energies (-y) of (a)M!, and (b) Nias Calculatedfrom tile Embedded Aton, Method
Simulation Arrays

170



0-4

0 32

02

(1101

0.1 1 - - I - -I I - - A - --
0 200 400 600 800 1000 1200

TMn~eratufe (K)

FigureW9. Anti-Phase Boundary Energy of&iVas Calculatedfrom the Embedded Atom Method Sim-
ulation Arrays
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Figure 96 Potential Energ Vesus~ Temperature Plots from the Embedded Atom Method Simulation
Arrays of- (a) NiL4, and (b) Ni for Determination of the Melting Points
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;___ x<001>

Figure 97 Three-Dimensional Diagram of the Simulated Lattice Containing a Crack The white circles
representAlatoms, while the grey cirdes represent Ni atoms. The arrows indicate the direction
of the applied force. Note that the force is being applied only to the outermost layer of atoms.
In the < 001 > direction, the force iv acting only on the Ni atoms (grey arrow), while in the
< 0017 > direction, the force is acting only on the A! atoms (white arrow).
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Figure 98. Typical Layers in EAM Simulation Array at 100 K, Showing theArray at Various Simulation
Steps (40 Steps = 1 Atomic Vibration). Some rebonding of atoms after bond breaking can
be seen in the vicinity of the crack lip in the later steps. At #1, the middle layer has separated
from the top and bottom sections of the array. At #2, the middle layer has rebonded to the
topportion. he "tails" attached to the atoms show displacements from their initial positions.
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Figure 100. Typical Layers in EAM Sim:,lation Array at 1000 0K, Showing the Array at Various Simula-
tion Steps (1 Step = 40 Atomic Vibrations). A description of the deformation processes in
this simulation is provided in the text. Note: Step 3000 is plotted with displacements indicated
relative to Step 2500 (not shown) and at a different scale (2.SXsmaller). The "tails" attached
to the atoms show displacements from their initial positions.
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Figure 101. EAM Simulation Array at 1 OK, Showing the Array at Step 4000. Ni atoms are represented

by circles and Al atoms by squares. At this step, there is evidence of slip on the (001) plane
(arrows), for the outermost layer of atoms has apparently shifted down a layer The "tails"
attached to the atoms show displacements from their initial positions.
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STEP 0

Figure 102. {170} Slices through the Initial Embedded Atom Method Simulation Array for a Stress
Applied in the < 112 > direction. Ni atoms are marked by circles and Al atoms by triangles.
A load of 1 50 MPa is applied to the top and bottom of the array at Step 0. This stress orienta-
tion should favor dislocation generation as the (110) planes are at 450 to the stress axis, mak-
ing the resolved shear stress on these planes high.
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Vvi

< 12>

<1:o>

STEP 400

Figure 103. {1170} Slices through the Embedded Atom Method Simulation Array at lOOKAfter 400 Steps.
Only elastic distortions are present at this time. The stress of 1250 MPa is applied in the
< 112 > direction and Ni atoms are marked by circles and Al atoms by triangles. Note: the

array has been redrawn for ease of interpretation.
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<1 12>

<1:1To> <111>

SYEP 800

Figure ]04. {i70} Slices through the Embedded Atom Method Simulation Array at lOOKAfter 800 Steps.
Some sort of dislocation has propagated in the array as seen from the jog that has appeared
in the lower left corner of some of the slices. The stress of1250 MPa is applied in the < 112 >
direction and Ni atoms are marked by circles and Al atoms by triangles. Note: the array has
been redrawn for ease of interpretation.
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Figure 106. Tljpical {170} Slices through the Embedded Atom Method Simulation Array at lOOKAfter
0, 400 and 1000 Steps. The stress of SO00 MPa has been applied in the <112> direction
by coordinated atomic movements on (110) planes in a < 001 > direction in the lowerportion
of the array, and slip on (11) planes in a < 111 > direction in the upperportion of the array.
However, no dislocations are evident. At 1000 steps, slip appears to be well advanced, but
still no dislocations are evident. Ni atoms are marked by circles and Al atoms by triangles.
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Figure 107. Typical 1170} Slices through the 4000 Atom Embedded Atom Method Simulation Array at
lOOKAfter 100, 1500, 1800, 2000, 2500 and 2700 Steps. A stress of 2500 MPa was applied

in the <112> direction at Step 0, which was increased to 3750 M~a after Step 1500. In Steps
2000 through 2700, there appear to be dislocation events occurring in the form of coordinated

slip. Further details of this simulation are provided in the text. Ni atoms are marked by circles
and Al atoms by triangles.
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Figure 107 (continued)
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rtgure 108. Tpical {1101 Slices through the 4000 Atom Embedded Atom Method Simulation Array at
lOOK After 500, 1000, 1500 and 2000 Steps. The array is loaded at a constant strain rate,
with a center crack and periodic boundary conditions between the left and right faces. The
strains are applied in the < 112 > direction and Ni atoms are marked by circles and Al atoms
by triangles.
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Figure 108 (continued)
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Lattice Energy vs. Sknulatioh Tonm
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Figure 109. Lattice Energ Versvus Simulation Time Plot for the Simulation Shown in Figure 108. The
lattice energ is topping out and beginning to drop near Step 2000 owing to the fracture that
is becoming evident in Figure 108(d).

40

189



99999999999999999999 ??????????99999999999999999999 ??????9 99 ?T ? T ?
9?9 9 9 9 99 9999 99 9 9 9?99 ? ? ? 4 ? ? - ? ? ? T ? ? ? ?. ? ?
9 Q999999999 999999 ?9?99999?99???999?
9QQ 9 Qo ooQO 9 0 999 9 ~q9 99 99 9o?9
ooo0o0O Qo oo0 ooo 999Qq' 9Q 9 99999 9999
0 o000000000000000 0 9 9ooq q q q 9 99999099

0 0 0 0 0 0 0 0 0 0 0 0 0 0 0 0 0 0 0 0 0 0 0 0 O0 0 Q 0 Q 9 0 0 0 P 0 0 o o o
oo oo oooooOQOo 0 0000 0 0oo o 0o 000 9 oooooooo

0 00 00 0 000000 000 0000 00 00 0 00009990000 0 00 0

0 0 000 000 0 00 0 00 00 0 00 00 0 00 .0 00 00 00 0

0000000 0 00 0 000 0000 oo 0 0 b bo o 0 6 0o oo

o o o o o o oo o o o 0 0 o 0 0 0 0 0 o 0 d € 6 6 6 b b 6 6 6 6 6 6
o oo 0 o oo o 0 o o C5 oo o o o o o 0 0 6 0 0 6 6 6 6 6 6 6 b 6 6 6 6 6 '1
6o oo oo 0 66 66 06 6o O 6 0 60 6 00 6d6d6 6 b 6 6 b6 6

6 06 66 66 6 6 66 6 66 b 6 6 6 6 6 6 66 6 6 6 6d6 b 6
666666 666666 0 6b6 6666 6
66666666666666666666 $

6 6 666 6 6 6 666 6 6 6 6 6 6 6 '6 6 6 6 6 6 6

(a) (b)

Q QQ Q Q Q .' 0 . p p 9 0 0 , ./0p

0~~ 0-.0-. 0 0 o.--&0N 
r004 9~kkpp

0 a Q 0 .0 .0. .0.0.00 0 0 0 00 o
0 Q a a OO.O. o6.. . ,0 0 -0 0,0 oo

6d d dd d'or' ~b b b b 666 6 d d dc~~e j'.--7bb

(c) (d)

Figure 110. {001 } Slices hrough the Embesdded Atom Array t lOOK/fter: (a) 1500, (b) 2000, (c) 3500,
and (d) 6000 Steps. Ni atoms are marked by circle and Al atoms by triangles.
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Figure 112 {001 } Slices through the Embedded Atom Array at 800K After:- (a) 500, (b) 3500, (c) 4000,
and (d) 6000 Steps. Ni atoms are marked by circles and Al atoms by triangles.
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Figure 114. Potential Energy Versus Simulation Time Plot for the Simulations Shown in Figures 110
through 113
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Figure 120. Potential Energy Versus Simulation Time Plot for a 9000 Atom Simulation, Recorded for:
(a) the Total Simulation Array, and (b) a Few Hundred Atoms at Either Side of the Crack
The observed peaks have been seen to correspond fairly well with dislocation nucleation and!
or bond breaking events.
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